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ABSTRACT
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In this thesis, the crystallization and melting of blends of high and low den-
sity homogeneous ethylene- 1-octene copolymers with appended long chain branches
have been investigated in real time by means of time-resolved SALS under cross-
polarized and parallel-polarized optical alignments using a charge-coupled device
camera (CCD) system, simultaneous small angle-X-ray and wide angle X-ray mea-
surements using synchrotron radiation and differential scanning calorimetry (DSC).
For the highest density material studied, our data show that in the case of crys-
tallization at low supercooling, spherulitic growth (primary crystallization) occurs
first while the apparent degree of crystallinity is less than 2 %. Over 90 % of the
crystallinity develops after the primary crystallization process. When the average
branch content of the blend is 14 branches per 1000 carbons complete spherulites
are observed. The internal spherulite disorder is unchanged relative to that ob-
tained for the high density component. When the average branch content of the
blend is increased to 58 branches per 1000 carbons, the crystallization rate is faster
vi
than that of the moderate increase but the morphology suggested from SALS is
consistent with incomplete spherulites. For this case, our data suggest that the do-
main sizes resulting from the incipient melt phase separation is the likely cause of
the accelerated crystal growth. We propose that the incomplete spherulites formed
may be a consequence of the competition between amorphous phase separation in
the residual melt and crystallization.
The results of a numerical study investigating the dynamics of spinodal de-
composition in blends of linear Gaussian chains in three dimensions were used to
evaluate; the effect of branch content on the phase separation kinetics for mixtures
of linear Gaussian chains and branched chains. The phase separation kinetics in
the branched systems are identical to that of linear mixtures with larger domain
sizes. Hence, it may not be possible to detect differences in the time dependence
of the structure factor and domain size from scattering measurements if one varies
the branch content of the blend. Blends of linear and branched polymers can be
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Partial melting and partial crystallization is observed for most synthetic poly-
mers and can be viewed as a consequence of topological constraints. In blends, the
competition or coupling between phase separation that can occur before or during
crystallization affects the overall crystallization and melting behavior. Thus a good
insight in the crystallization and melting mechanism is not only of great scientific
interest but is also of considerable importance for the modeling of processing and
performance of polymers for technological applications. The crystallization behav-
ior, as determined by the chain microstructure, processing conditions and blend
composition, determines the resulting morphology, and as a consequence influences
physical properties. It is a well known fact that slight deviations from the regular
chemical composition of a polymer chain generally cause significant changes in its
crystallization and melting behavior. Inclusion of a few percent of comonomer units
or branch points is sufficient to effect a large broadening of the melting range. This
phenomenon has be extensively discussed and studied [1-22].
1.2 Crystallization/Melting Theories
One of the first crystallization models of polymers was proposed by Flory [1,2].
He explained the broad melting behavior of copolymers on the basis of an equilib-
rium theory. Longitudinal growth of a crystallite is restricted by the occurrence
of non-crystallizing units in some of the chains where they protrude from the ends
of the crystallites. Lateral growth, however, will be restricted by the availability
of sequences of crystallizable units in the amorphous region. Only those sequences
whose lengths exceeded the minimum crystallite thickness are eligible for crystal-
lization. The minimum crystallite thickness decreases as temperature is lowered.
Hence at temperatures just below the melting point, crystallization is restricted to
thick crystallites and only the longest unperturbed sequences may participate. As
the temperature is decreased, the length of unperturbed sequences needed for crys-
tallization to occur diminishes and progressively shorter sequences are converted to
crystallites. Therefore the breath of the melting range results from the variation
in length of the sequences in the copolymer. In the Flory concept, partial melting
is characterized by a continuous decrease of the crystallinity. Melting of thinner,
less stable, lamellae occurs at lower temperatures. Kilian [3] also proposed a model
with similar consequences.
On the other hand, partial melting has been regarded as a homogeneous process
which affects all lamellae uniformly [4,5]. The continuous melting process is asso-
ciated with a steady increase in the thickness of amorphous layers; melting starts
at the surface of all crystalline layers simultaneously and progresses to the center
with increasing temperature.
One of the severe shortcomings of Flory's theory is that the maximum crys-
tallinity is not correctly predicted [6, 7]. While Flory considered strict exclusion of
2
the non-crystallizable units from the crystal lattice, many authors have suggested
reasons for assuming that at least some of the non-crystallizable units are included
in the crystal phase [8-11]. Other crystallization mechanisms have been proposed
by Eby [12-14] and Helfand [15].
In 1980, Strobl et al. [16] introduced a new model of crystallization and melting.
In this model, the authors state that the thickness distribution of the amorphous
layers, rather than that of the crystalline regions, is the essential factor governing
the crystallization and melting behavior. Crystalline lamellae can only be generated
in an amorphous interlayer as long as the distance between the centers of adjacent
lamellae exceeds a critical value Dcr . However, a lower critical value (Dmin ) has to
be taken into accounted as well. Both these D-values should decrease as a func-
tion of decreasing temperature consequently numerous new lamellae, which are
thinner and exhibit a lower melting temperature, will grow between the existing
ones. In this model, partial melting is primarily associated with temperature-
dependent changes in the thickness distribution of the amorphous layers. Com-
paratively small changes in the crystal size distribution is a secondary effect al-
though this is responsible for the broad melting region. During crystallization, the
non-crystallizable parts are transported to the crystallite surface. The zone with
an enhanced concentration of non-crystallizable units cannot be entered by any
other growing lamella and acts "repulsively" . The prerequisite for the occurrence
of the suggested mechanism is generally a sufficiently strong restriction in chain
diffusion through a lamella, which prevents a compensation of differences in the
concentration of non-crystallizable parts like entanglements and comonomer units.
The model was based on microscopy and SAXS results for low density polyethylene
(LDPE). However, the morphology, and thus the crystallization process, is strongly
3
determined by the chain microstructure i.e. chain stiffness, chemical regularity
irregularity as expressed by side chain distribution and tacticity.
1.3 Background of Thesis
For polyolefin blends branch concentration, blend composition and crystalliza-
tion conditions have a profound effect on their resulting morphology and phase
structure. In most commercial blends of polyethylenes, at least one component
usually has a broad inter- and intramolecular distribution of side chains and chain
length. The miscibility and phase separation behavior of these blends are usually
not well understood under the processing conditions employed even though exten-
sive studies have been carried out in order to understand structure, phase sepa-
ration, morphology and property relationships of linear polyethylene (LPE) and
branched polyethylenes
. These studies were stimulated by the industrial improve-
ments of polyethylene (PE) materials and applications, and recently by the growing
pressures to manage waste streams that contain significant amount of polyolefins.
Although substantial progress has been made in almost every aspect of structure
and property characterization, it is clear that we do not yet have a full under-
standing in the area of structure and morphology of these materials. Furthermore,
polyolefin blends in which specific interactions are absent or minimal are relatively
tractable systems for theoretical studies.
Phase separation phenomena in miscible liquids are generally brought about
by variations in temperature, pressure, and/or composition of the mixture. For
blends of linear and branched polyolefins, the onset of liquid-liquid phase sepa-
ration (LLPS) can be controlled by additional factors such as the difference in
the chemical microstructure of the two components and degrees of polymerization
[17-24]. A simplistic representation of the complex phase behavior resulting from
crystallization (Figure 1.1(a)) and phase separation (Figure 1.1(b)) for a binary
blend of A and B polymers is shown in Figure (Figure 1.1(c)). In region (1) of Fig-
ure 1.1(c), crystallization occurs from a homogeneous melt. However as we increase
the branch content or composition of B such that one resides in (2), liquid-liquid
phase separation in the melt can occur before crystallization. In order to study the
possible coupling between melt phase separation and crystallization in region (2),
one needs to employ techniques in which one can measure and separate the mag-
nitude of density fluctuations due to phase separation in the melt from the density
and orientation fluctuation resulting from morphological changes during crystalliza-
tion. The appropriate technique is real-time small-angle light scattering (SALS)
in the Hv and Vv polarization modes (Figure 1.2). In the Hv (cross-polarized)
mode (Figure 1.2) the total scattered intensity which is usually referred to as the
invariant, is a measure of orientation fluctuations or mean-square anisotropy of the
crystalline aggregates. In the Vv (parallel) mode (Figure 1.2), the total intensity
scattered measures both density and orientation fluctuations. By performing ex-
periments in both modes during crystallization or melting one can infer the nature
and type of phase transformation processes that occurred. Crystalline polymers
show ordering at different size scales, namely, the arrangement of molecules in the
unit cell, presence of crystals in lamellae and the aggregation of these lamellae into
superstructures such as spherulites (Figure 1.3). To correlate the crystallization
behavior with the presence or absence of LLPS, and to understand the events pre-
ceding the formation of morphological units at the various structural levels, one
has to monitor the time dependence of the morphological changes with different
experiments (Figure 1.3). An important complication to the phase behavior is the
possibility of microphase separation in the melt if the distribution of the ethy-
5
asr
lene sequences on the branched polymer is blocky. This complication to the ph
behavior is just now becoming appreciated for olefinic copolymers.
Efforts in the development of new polyethylenes have been driven by attempts
to control the morphology of a particular end product by tuning the heterogeneities
in chain architecture and length and to produce polymers with desirable properties
intermediate between linear and high density polyethylene (p = 0.93 - 0.98 g/cm3 ),
and low density polyethylene (p = 0.91 - 0.94 g/cm 3 ) [25]. Commercial samples
of these products commonly known as linear low density polyethylenes (LLDPEs)
were first prepared using Ziegler-Natta polymerization in the early eighties.
LLDPEs are usually copolymers of ethene and 1-butene, 1-hexene or 1-octene
(Figure 1.4). The number and length of branches formed from the copolymerization
process are related to the concentration and type of a-olefin, while the distribution
of branches is dependent on the polymerization conditions [26]. Studies [27-30]
on these copolymer samples show that they are complex blends with a wide inter-
and intramolecular distribution of the side chains and chain length. In addition,
the chain microstructure resulting from the synthesis together with the crystal-
lization conditions was found to determine the morphology. Nesarikar,e£ al. [31]
have performed a multicomponent thermodynamic analysis on an ethylene-butene
LLDPE copolymer studied by Mirabella and co-workers [29] using the distribution
of chain branching from temperature rising elution fractionation (TREF) and the
Flory-Huggins interaction parameter xab for linear and ethyl branched C\H% re-
peat units. The calculated volume fraction of the second phase (f 13 = 0.016), was
found to be in good agreement with experimental volume fraction (f 13 = 0.020), of
the dispersed phases containing the most highly branched material. In Figure 1.5,
chain composition for the ethylene-butene copolymer is expressed as y. In this ex-
ample, the average butene mole fraction is 0.039, which is about one-half the value
of y and the average branch concentration is 19.5 ethyl branches per 1000 back-
bone carbon atoms. The average value of y from the distribution shown is 0.075.
A significant fraction of the chains are unbranched {y « 0), and the distribution in
branch content persists to more than 88 ethyl branches per 1000 backbone carbons
( y > 0.3). Thus LLDPEs themselves are multicomponent blends.
In view of the complex behavior of LLDPEs prepared with Ziegler-Natta cata-
lysts, Mitsui, Exxon, Dow and other companies have concentrated their efforts on
the development of single-site metallocene catalysts, and as a result, a new class
of LLDPEs were developed [32]. The advantage of these catalysts over Ziegler-
Natta is that they have only one active site. Copolymers prepared with single-site
metallocene catalysts have narrower polydispersities and more uniform comonomer
sequence distributions than those prepared with Ziegler-Natta catalysts, and are
usually referred to as homogeneous products.
Through better control of polymerization mechanisms that has been achieved
with single-site catalysts, the chain microstructure of the copolymer can be tai-
lored to a specific need resulting in a well defined application. These LLDPE have
superior performance in some properties when compared with conventional high
and low density polyethylenes. In general, LLDPEs are currently used in place
of LDPE where improved tensile strength, puncture resistance, resistance to tear,
and stress crack resistance (ESCR) are required [33]. Conventional methods that
are used to prepare LDPEs result in materials with very broad molecular weight
distributions and ill-defined chemical microstructure. For technological purposes,
it is desirable to produced polyethylenes with narrow molecular weight distribu-
tions with well defined long chain branching. The fabrication process of HDPE is
more difficult as molecular weight is increased. High molecular HDPE (200,000-
500,000) which has a higher melt strength, better resistance to the environment is
commercially produced by polymerization of ethylene and a-olefin [33]. The excel-
lent melt processability of LDPE when compared to conventional HDPE has been
attributed to the presence of long chain branches (branches containing more than
8 carbons). In 1992, Dow introduced a copolymer product which is referred to as
homogeneous ethylene/a-olefins with appended homogeneous long chain branches.
In this product, the combination of narrow molecular weight distributions and
long chain branching have been demonstrated to deliver excellent processability
improved physical properties [34].
Most research [35-37] to date on homogeneous copolymers has been on samples
without appended long chain branches. These studies involved the effect of short
chain branch content (SCB) and comonomer type on the crystallization kinetics,
melting and the final morphology of fractionated and unfractionated samples, and
the characterization of the SCB as a function of chain length. In these studies, tech-
niques such as differential scanning calorimetry (DSC), temperature raising elution
fractionation (TREF), conventional small-angle and wide-angle x-ray scattering
were employed.
1.4 Survey of Thesis
This thesis is concerned with the effect of the chain microstructure (branch con-
tent) on liquid-liquid phase separation (LLPS) and crystallization-induced (liquid-
solid) phase separation in blends of homogeneous ethylene-l-octene copolymers
with appended long chain branches by time-resolved small-angle light scattering
(SALS). The kinetics of morphological changes on the lamella and unit cell level
under isothermal crystallization conditions are monitored with simultaneous small-
angle x-ray scattering (SAXS) and wide-angle diffraction (WAXD) by use of syn-
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chrotron radiation. Information about crystallinity, crystal perfection, isothermal
crystallization kinetics and melting behavior are obtained by performing DSC mea-
surements. A summary of the information provided from DSC, SALS, synchrotron
SAXS and WAXD and the typical sample thicknesses used for each technique are
shown in Table 1.1.
Chapter 2 presents the results of the time-resolved scattering and DSC studies
during the crystallization of a high density ethylene- 1-octene copolymer with ap-
pended long chain branches. In Chapter 3 we report the time-resolved scattering
and DSC studies during crystallization and melting of blends of ethylene-l-octene
copolymers with appended long chain branches. Here SALS theories for spherulitic
growth during crystallization and melting are examined. When the average branch
content of the blend is 14 branches per 1000 carbons complete spherulites are ob-
served. The internal spherulite disorder is unchanged relative to relative to that
obtained for the high density component. When the average branch content of the
blend is increased to 58 branches per 1000 carbons, the crystallization rate is faster
than that of the moderate increase but the morphology suggested from SALS is
consistent with incomplete spherulites. For this case, our data suggests that the
domain sizes resulting from the incipient melt phase separation is the likely cause of
the accelerated crystal growth. We propose that the incomplete spherulites formed
may be a consequence of the competition between amorphous phase separation in
the residual melt and crystallization. In Chapter 4, the results of a numerical study
investigating the dynamics of spinodal decomposition in polymer blends in three
dimensions is used to evaluate the effect of branch content on the phase separation
kinetics for mixtures of linear Gaussian chains and branched chains. The results
show that the effect of branching is minimal. Hence, it may not be possible to
detect differences in time dependence of the structure factor and domain size from
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scattering measurements if one varies the branch content of the blend. Thus blends
of linear and branched polymers can be treated as blends of linear Gaussian chains
even when the branch content is very high.
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Table 1.1: Summary of information that can be obtained from DSC, synchrotron
SAXS/WAXD and SALS.
Method Triformat inn ProviHpH1 111VJ1 XXXCL tlUil X X KJ V lUCvi
DSC
fim — mm films
• weight crystallinity sc





• weight crystallinity x™AXD
• crystal thickness and perfection
• unit cell parameters, crystal density
Synchrotron SAXS
1 mm films
• SAXS invariant Qsaxs
• Long spacing Lb — „Hmax
• crystal and amorphous thicknesses
lc and la using correlation
function approach
SALS
10 - 100 /xm films
• nucleation
• size of superstructure
• volume fraction of superstructure
• density fluctuations (Vy)









Figure 11: (a) A/B blend where each component is completely miscible in the
liquid and solid states, (b) Liquid-liquid phase separation in
A/B blend and (c)
Simplistic representation of the complex phase behavior in
semi-crystalline systems.
A/B blends or copolymers. Tc is the upper critical solution temperature. TmA
and
TmB are the melting temperature of components A
and B. For A/B blends, A is
linear polyethylene and B is branched polyethylene. In
region (1) of the phase
diagram, crystallization occurs from a homogeneous
melt. While in region (2),
melt phase separation can occur before crystallization.
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Polarizer Sample Analyzer
Figure 1.2: Scattering geometry for small angle light scattering (SALS) in the Hv
and Vy polarization modes. The Hv invariant {Qhv ) is proportional to the mean-
square orientation fluctuations (S2 ). For Vv scattering the invariant (QVv ) depends







Figure 1.3: Levels of morphology in a semi-crystalline polymer and the correspond-
ing experimental methods to monitor structural changes in real time: SALS, small-
angle light scattering; SAXS, small-angle x-ray scattering; WAXD, wide angle x-ray
diffraction; and DSC, differential scanning calorimetry.
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H H H H H H
C C C C C
H H H H H (CH2)n
i-y CH3 y
n = 0; ethylene propylene copolymer
n = 1; ethylene 1-butene copolymer
n = 3; ethylene 1-hexene copolymer
n = 5; ethylene 1-octene copolymer
Figure 1.4: Commercial linear low density polyethylenes (LLDPEs). The distri-
bution of branches is not usually statistical and depends strongly on the polymer-
ization conditions. For LLDPEs prepared with conventional Ziegler-Natta cata-
lysts, the intermolecular comonomer composition distribution is broad and bimodal.
Chain length and copolymer composition are inversely related. Typical molecular
weight distributions are very broad (Mw/Mn » 2). For LLDPEs prepared with
metallocene catalysts, each chain length has the same comonomer distribution,
while along each chain, the distribution of comonomer may be broad or random.
Molecular weight distributions are narrower (Mw/Mn « 2).
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Figure 1.5: Distribution of chain composition obtained by temperature rising elu-
tion fractionation (TREF) 29 for an ethylene-butene copolymer. The average
butene content is 3.9 mol % and the average amount of branching is 19.5 ethyl
branches per 1000 backbone carbon atoms. The fraction of ethyl branched C4H8
units in the saturated polymer is given by y which is related to the number of
branches per 1000 backbone C atoms nbr by: y = 2n^" ft[000 • The fraction of copoly-
mers with a composition y is <py and £o (py = 1.
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CHAPTER 2




The overall crystallization kinetics of polymers involves nucleation, growth of
superstructures and processes in which the degree of crystallinity inside the su-
perstructures increases. The classification of the different stages of crystallization
kinetics observed for a given sample requires knowledge of the time dependence of
structural changes at various length scales.
Morphological investigations show that most semi-crystalline polymers can form
lamellar crystals from the melt with long periods ranging from 100 to 1000 A [38].
Crystalline polymers show ordering at different size scales, namely, the arrange-
ment of molecules in the unit cell, lamellae of crystals and the aggregation of these
lamellae into superstructures such as spherulites (Figure 1.3). In order to under-
stand the events preceding the formation of the morphological units at the various
structural levels, one has to monitor the time dependence of structural changes
with different experiments (Figure 1.3). In order to monitor the time dependence
of the lamellar structure and its environment, and that of the unit cell, require
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intensities and reasonable resolution only possible with synchrotron radiation. It
is also desirable to monitor the time evolution of the larger scale structure such as
spherulites along with that of the lamella and unit cell structure by simultaneous
measurements using small-angle light scattering (SALS), small-angle x-ray scatter-
ing (SAXS) and wide-angle x-ray diffraction (WAXD) [39]. The problem with this
approach is that the quality of the light scattering patterns obtained are poorer
than those obtained by a separate measurement; optimizing the sample cell design
for all three measurements compromises the resolution of each individual measure-
ment necessary because the optimal thickness for SALS is much smaller than for
SAXS or WAXD. The primary disadvantage of performing separate SALS measure-
ments with simultaneous SAXS/WAXD is that, in order to compare the results,
one has to match the thermal history of the sample for the different experiments
and perform repeated experiments on samples with varying thicknesses.
Time-resolved scattering studies on polyethylene [39-43] show that the crystal-
lization of polyethylene from the melt state can be described by two stages: (1) pri-
mary crystallization with the growth of superstructures such as spherulites, and (2)
secondary crystallization during which the degree of crystallinity within the mor-
phological units increases. Although a distinction between primary and secondary
crystallization can be made, usually the two processes cannot be completely sepa-
rated. However, by comparing the time evolution of the degree of crystallinity (x c ),
obtained from WAXD, and the total scattering power (Q), obtained from SAXS,
it may be possible to identify and separate the crystallization mechanisms in the
samples under study. The combination of these methods with independent SALS
measurements allows one to monitor the growth of superstructures and further
separate the primary and secondary mechanisms. It is also desirable to monitor
the time evolution of the larger scale structure such as spherulites along with that
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of the lamella and unit cell structure by simultaneous measurements using small-
angle light scattering (SALS), small-angle X-ray scattering (SAXS) and wide-angle
X-ray diffraction (WAXD). [39] The problem with this approach is that the quality
of the light scattering patterns obtained are poorer than those obtained by a sep-
arate measurement; optimizing the sample cell design for all three measurements
compromises the resolution of each individual measurement necessary because the
optimal thickness for SALS is much smaller than the one for SAXS or WAXD. The
primary disadvantage of performing separate SALS measurements with simultane-
ous SAXS/WAXD is that, in order to compare the results, one has to match the
thermal history of the sample for the different experiments and perform repeated
experiments on samples with varying thicknesses.
In this chapter, we report the results of our time-resolved simultaneous syn-
chrotron SAXS/WAXD, separate real-time SALS and differential scanning calorime-
try (DSC) studies during crystallization of a high density homogeneous copolymer
of ethylene and I-octene (El) with long chain branches. This sample belongs to
the class of copolymers introduced by Dow Chemical Company in 1992 which is
referred to as homogeneous ethylene/oj-olefins with appended long chain branches.
Previous melt-crystallization studies by Basset and Hodge [44-46] of various linear
polyethylenes with broad and narrow molecular weight distributions have shown
that fractionation during crystal growth tends to place different molecular lengths
in specific sites within the spherulites. They show that the thin lamellae (and hence
the low melting population of the sample) are located between the dominant sheets.
In contrast, the sample studied here is not a mixture of linear and branched
polyethylene, the branch distribution is narrow whereas the distribution of comonomer
sequences along each chain is broad [47]. In this sample, we expect that the regions
of the chain with longer ethylene sequences will require short times to crystallize
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than regions with shorter sequences at the same temperature. Our results show that
spherulitic growth in this sample occurs while the apparent degree of crystallinity
is about 2%. By synchrotron SAXS, the average crystal thickness is observed to
decrease during crystallization. Thus we attribute the low degree of crystallinity
observed during primary crystallization to the crystallization of the longest ethylene
sequences. Our SALS, DSC and SAXS/WAXD data suggest that the increase in
crystallinity observed after spherulitic impingement can be attributed to the crys-
tallization of the shorter ethylene sequences. For linear polyethylenes with a broad
distribution in molecular lengths, fractionation during crystallization can result in
micron size regions containing shorter molecules [38,46]. However, for sample El,
the segregation during crystal growth cannot result in micron size regions since
all the chains are the same. Our SALS and SAXS/WAXD results show that the
segregation is at the lamellar level. Moreover, our results for the sample studied
are relevant since no real-time scattering studies during crystallization have been
reported for a high density polyethylene with appended long chain branches and
narrow molecular weight distribution.
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2.2 Experimental
2.2.1 Materials and Sample Preparation
The high density ethylene-octene copolymer (El) used was provided and char-
acterized by Dow Chemical Company. El has weight average molecular weight
(Mw ) of 69,000, a polydispersity (Mw/Mn ) of 2.33 and a density of 0.935 g/cc. The
weight percent of octene measured by IR is about 0.82. From 13C NMR performed
by Dow Chemical Company, the branch content of the sample is 1.82 branches/1000
C atoms which is in agreement with our 13C NMR measurements showing a branch
content of about 2 branches/1000 C atoms.
The weighed sample of El was dissolved in p-xylene (net concentration of
1-2 g/100 cm3 ) containing less than 1 wt. % (corresponding to the total weight
of the polymer mixture) 2,6-di-tert-butyl-4-methylphenol as an anti-oxidant. The
resulting mixture was stirred at 130°C for at least 1 hour after complete dissolu-
tion was observed. The solution was then co-precipitated in methanol (at -78°C),
filtered, washed and dried under vacuum at 40°C until no additional weight change
was observed. This method has been shown to remove any stabilizers and a signif-
icant fraction of residual catalysts in the sample [48,49].
For scattering studies, films (thickness 100 /im - 1 mm) were prepared by melt
pressing the dried samples placed between Kapton films in a laboratory hot press
(Carver press, Model C) at 155°C for 20-30 minutes at 1 x 10
4 psi under vacuum.
The molded films were then allowed to cool slowly to room temperature. Films
with thicknesses less than 100 /mi were prepared by solvent casting polymer/xylene
solutions onto clean glass cover slips. A 2 wt % solution gives films approximately
10 fan thick. Samples for differential scanning calorimetry (DSC) were prepared
from the pressed films.
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2.2.2 Differential Scanning Calorimetry
Differential scanning calorimetry (DSC) experiments were performed on a Perkin-
Elmer DSC 7. Temperature and enthalpy values were calibrated using indium as a
standard. Unless stated otherwise, measurements were made on 5 - 10 mg samples
sealed in aluminum pans. For all isothermal crystallization experiments, the sam-
ples were melted at 160°C for 15 or 30 minutes and quenched at 300-320°C/min
with liquid nitrogen or according to the cooling curves obtained during scattering
measurements to the desired crystallization temperature for a specific duration of
time. No differences in the crystallization behavior was observed when the sample
was melted at 160°C for 15 or 30 minutes. In order to determine the crystallinity,
samples were then heated from the crystallization temperature past the melting
point at 10°C/min. The apparent degree of crystallinity is estimated using
X (2 1)AH0
where AHexp is the heat of fusion obtained by integrating the area under the nor-
malized melting peak and AH0 = 293 J g" 1 is the reference heat of fusion for 100 %
crystalline polyethylene [50].
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2.2.3 Synchrotron X-ray Scattering
Time-resolved simultaneous SAXS and WAXD experiments were performed on
beam line X3A2 at the National Synchrotron Light Source (NSLS), Brookhaven
National Laboratory (BNL). White radiation from the source was monochromated
using a silicon crystal to give an intense X-ray beam at A = 1.54 A. Two linear
position detectors controlled by a single multichannel analyzer interface were used
to collect the SAXS and WAXD data simultaneously. A schematic of the set-up
is shown in Figure 2.1. For SAXS, the sample to detector distance was about 920
mm, covering a scattering vector q from 0.01 to 0.2 A-1 . The scattering vector is
defined as q = ysm(|) and 9 is the scattering angle. An evacuated flight path was
used in conjunction with the detector. The SAXS patterns were corrected for blank
scattering, sample thickness and absorption. In this set-up [51], the angular range
(29) WAXD was from 16° to 32°. A time lag of 1 second between the acquisition
of the data and measurement was observed. The time scales for the SAXS and
WAXD measurements were corrected accordingly for this lag. The accuracy of the
temperature in each chamber of the dual-chambered temperature jump cell was
±rc.
2.2.4 Small-Angle Light Scattering
SALS patterns in the Hv and Vv polarization modes were recorded using a
vertical SALS apparatus shown in Figure 2.2. The apparatus consists of a He/Ne
laser light source (A = 633 nm), a polarizer, an analyzer and a CCD camera as the
detector. In this set-up, the scattering images are collected simultaneously with
the incident intensity transmitted through the sample. The Hy and Vv patterns
were corrected for distortions of the image arising from the relative orientation
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of the camera. A more detailed description of the SALS apparatus is given in
Van Egmond and Fuller [52]. A two-temperature chamber device developed in our
laboratory was used to approximate the isothermal crystallization conditions used
to obtain the synchrotron X-ray data. Films 10 - 100/jm thick sealed between two
cover slides were heated at 160°C for 30 minutes. The melted sample was then
transferred to the crystallization chamber within 4 s at the same temperature.
During crystallization, temperature changes within the sample, the transmitted
intensity and changes in the scattering profiles for each polarization mode were
monitored simultaneously. All temperature and scattering data were stored for
later analysis.
2.3 Data Analysis
2.3.1 Wide-Angle X-ray Scattering
The degree of crystallinity can be computed by assuming that the scattering
within a certain region of reciprocal space is independent of the state of aggrega-









where I is the total scattering intensity, Ic is the scattering intensity of the crystal
reflections and s is the scattering vector, s = (2/A)sm(0/2), 9 being the scattering
angle. The area under the crystalline peaks Ac was determined by drawing baselines
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under the (110) reflection between 26 of 20.5 and 22.5 0 and the (200) reflection
between 22.5 and 25.0 °.
The unit cell volume and lattice parameters were calculated by assuming that
the length of the unit cell in the c-direction, i.e., the molecular chain direction,
has a constant value of 2.547 A, and the mass density of the crystalline phase was
obtained by assuming that the unit cell contains 4 CH2 groups [53].
2.3.2 Small-Angle X-ray Scattering
Invariant
The small angle invariant is a measure of the total small-angle scattering from
a material, independent of the size and shape of structural inhomogeneities. For a
2 phase model with sharp boundaries, the invariant given by the integrated area
under the Lorentz corrected curve is related to the degree of crystallinity by [54],
Q = 0(1 - =— / I(q)q2dq (2.4)
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- p\ is the electron density





a ) phases and i e is the
Thompson scattering factor. The absolute value of the invariant Q requires absolute
intensity measurements, thermal background subtraction, and extrapolation to q =
0 and q = oo. Intensities are usually extrapolated to large q using a damped Porod
function of the form
* lim / = K?M + Ib . (2.5)
In Equation 2.5, Ib refers to the continuous background scattering profile, / refers
to the scattering intensity that would be obtained if the sample were to be replaced
with a sample with identical morphology, but with sharp interfaces, K is the Porod
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constant and H2 {q) = exp{-a 2 q2 ) is a Gaussian smoothing function which accounts
for the negative deviations from Porod's law due to a finite interface with standard
deviation o. The interfacial thickness E can be obtained from a by E = \f\2a.
The estimation of the Porod constant K allows one to extrapolate the corrected
intensities to high angles. However, the choice of the Porod region (tail region) for
fitting affects the estimate of the Porod constant. Therefore the shape of the final
interface distribution function (second derivative of the correlation function) will
depend on the choice of these parameters. Discussions of problems associated with
using this approach have been provided by several authors [55,56].
From our SAXS data, a, Ib and K is estimated by applying algorithms devel-
oped by Zachmann [57] and Hsiao et al [58,59]. In this algorithm, parameters are
estimated by minimizing the total area under the interference function (Fourier
transform of the interface distribution function) and that for Porod region defined
by the experimentalist. The use of this scheme allows one to calculate the pa-
rameters with improved accuracy and precision [58,59]. Thus the one dimensional
correlation function, invariant and other quantities can be calculated with improved
consistency and reduced error. Ib is modeled as a polynomial of even powers of q
[60]. Extrapolation to low q was performed using an intensity profile based on
Guinier's law [61].
The SAXS invariant {Qsaxs) for a system where all the crystallizable units are
within spherulites is given by [57,62]:
Qsaxs = C xsp xL xCl(1 ~ xcl){&p)
2
(2 -6 )
In Equation 2.6, C is a constant dependent on geometry and other quantities
kept constant during the experiment, Ap is the gravitational density difference
between the crystalline and amorphous phases, xsp is the volume fraction of polymer
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transformed into spherulites and xL is the fraction of lamellar stacks within the
spherulites. xep increases from 0 to 1 during primary crystallization when the
spherulites grow until they fill the sample completely. x L is 1 when no amorphous
material is left outside the lamellar stacks within the spherulites. xCL is given by
lc/ (lc + la ) where lc and la are the thicknesses of the crystalline and the amorphous
regions, respectively. While primary crystallization, by definition, is the increase
of xsp from 0 to 1, secondary crystallization is related to an increase of xL and/or
xCL . From Equation 2.6, Q8AXS is proportional to xCL (l -xCL ). The crystallinity
index measured by WAXD (xc ) is the total weight fraction of crystals within the
sample which is related to the above quantities by
xe = (^)$c (2.7)
Ps
$c = xsp xL xCL (2.8)
and,
Ps = pc$c + Pa{l -$ c ). (2.9)
where <5> c is the volume crystallinity which can be estimated from WAXD or from
a combination of SAXS and SALS. The gravitational densities of the crystalline
and amorphous regions are designated by pc and pa and that of the sample is ps .
The factor (^) is included to convert volume fractions to weight fractions. Thus,
by comparing changes in Qsaxs with changes in <I> C , one can deduce the type of
secondary crystallization mechanism: crystal thickening, growth of new crystals
within existing lamella stacks, formation of new (thinner) lamella stacks. [62]
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Morphological Parameters from the Correlation Function
The lamellar and amorphous layer thicknesses can be estimated from the corre-
lation function using different methods described by Strobl et al. [63] We determine
our crystalline lc and amorphous thickness la by solving the following equations:
xcl = lc/LM™ (2.10)
xcl{1 - xCL)LM™ = A (2.H)
k = xCLLMax (2.12)
k = {l-xCL)LMax (2.13)
where A is the value of the abscissa at the first intercept of the correlation function
and and LMax is the long period determined from the position of the first maximum
in the correlation function (Figure 2.3). Furthermore, la can be derived [54] by
means of the equation
k = B (2.14)
and B is the value of the abscissa where the the self-correlation line intercepts
a baseline C. This baseline cannot be easily identified for most systems as the
region around the first minimum is often flattened by the broad size distribution
of lamellae and interface as well as heterogeneities in the structure. C is usually
estimated from the volume degree of crystallinity ($ c ) by
C— ^ (2,5)
In the absence of volume crystallinity data, this quantity is estimated from the
weight degree of crystallinity (xc ) from DSC or WAXD measurements by [53].





The quantities pa and pc are the amorphous and crystalline densities respectively.
The latter can be determined from WAXD data. For polyethylene a value of 0.85
[50] is used for pa . The use of Equation 2.16 assumes that the density of the
amorphous polymer phase is the same regardless of the size of the amorphous
regions, the degree of preferred orientation within these regions and thermal history
of sample. DSC measurements can provide a reliable estimate for "a" degree of
crystallinity only if the surface enthalphic contributions are either negligible or
accounted for, if one understands the contribution of the interphase to the enthalpy
measured, and, the variation of the heat of fusion with temperature and other
variables is known. It is not clear that these conditions are fulfilled in materials that
exhibit multiple exotherm behavior [64] (essentially all semicrystalline polymers).
Our estimate of xf?sc in Equation 2.1 assumes that the crystallinity is constant
with time thus it neglects the effect of crystalline disorder that may vary with
time. Our crystallinity estimate from WAXD by Equations 2.2 and 2.3 represents
an apparent value since no corrections for the loss in intensity of the crystalline
WAXD reflections resulting from thermal vibrations, lattice distortions and finite
crystal size were made. In order to perform these corrections, one needs to obtain
data at much larger angles.
The value of the long period LMax determined from the position of the first
maximum of the correlation function represents the most probable distance between
the center of mass of two adjacent crystalline lamellae separated by an amorphous
layer. However, the long period can be determined as twice the value obtained from
the first minimum of the correlation function. The long period estimated by this
method will be denoted as Lmin . This long period can be interpreted as the most
probable distance between the center of mass of a crystal lamella and its adjacent
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amorphous region. From the position of the first maximum in the Lorentz corrected
scattering curve, the long period LB is determined by applying Bragg's Law.
2.3.3 Small-Angle Light Scattering
Unless stated otherwise, the Hv and Vv scattering intensities are normalized by
taking the ratio of the intensity with respect to that of the melt after accounting for
statistical fluctuations. They are then corrected for sample volume, reflection and
refraction and the melt contribution is subtracted out [65]. This intensity repre-
sents changes during crystallization or melting and will be referred to as a relative
invariant. Additional parameters such as spherulite size [66], volume fraction [67]
and internal disorder parameters [67] are estimated from the Hv data. We did not
correct for multiple scattering since the transmitted intensities were much larger
than the threshold (80 %) where this correction must be applied [68,69].
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2.4 Results and Discussion
2.4.1 Spherulitic Growth
Our real-time SALS results in the temperature range 114-118°C show that pri-
mary crystallization occurs while the overall weight fraction of crystallized ma-
terial estimated from DSC is low. The volume fraction of crystals within the
spherulite increases significantly after the spherulites have become volume filling.
To discuss the crystallization kinetics from SALS it is convenient to employ the
total integrated scattered intensity (invariant) defined, as with X-ray scattering as
Q = J0°° I(q)q2 dq. The Hy pattern obtained for crystallized El is characteristic
of spherulites. For this morphology, the Hy invariant {Qhv ) is proportional to the
mean-square orientation fluctuations within the spherulites, (<52 ), while the Vy in-
variant {Qyv ) depends on both (5
2
) and the mean-square density fluctuations (rj
1
)
arising from the difference in the mean optical polarizability of the spherulite and
the surrounding medium.
For spherulites with no internal disorder and embedded in an isotropic matrix
of amorphous polymer, QHv is given by [70, 71]
(6
2
) = xsp (ar -a t)% (2.18)
(«r - <*t),„ = S°cr xcrtS P2 + {ar -a t )am + 8p (2.19)
qSALS = XspXcrtS + (l-xsp)xcr
,
m . (2.20)




volume fraction crystallinity within the spherulite, while the volume fraction crys-
tallinity obtained from SALS is $SC ALS , and xcr ,m is the volume-fraction crystallinity




Xcr, s = xCLxL . P2 is a Hermans-type orientation function describing the
tation of the crystals with respect to the radius of the spherulite. The radial and
tangential polarizabilities are ar and a t respectively and K is a product of physical
constants. The term (ar - a t )am is the amorphous contribution to the spherulite
polarization anisotropy, which is assumed to be small. The form anisotropy arising
from the effect of the crystal-amorphous boundary on the internal field is 6P which
is assumed to be negligible. When spherulites become volume filling at xs = 1,








The corresponding QVy is given by70
Qvv = K [(„») + (*») (1 - &)] + Sirf p , <g> } (2.23)
(v
2
) = XsP (l-xsp)(asp -a0)(at -a0 ) (2.24)
ar + 2 at
asP = (2.25)
where cos pi and sin pi are geometric correction terms70
,
asp is the average polar-
izability of the spherulite and that of the matrix is a0 .
Equations 2.17-2.19 describe scattering during the growth of a complete spherulite
During crystallization, the Hv invariant should increase linearly with xsp and as
the square of xcr
^
s . The Vy invariant will increase at first reaching a maximum near
xsp = 0.5 if the polarizability of the matrix is much less than the average polar-
izability of the spherulite. This is usually true for crystalline polymers. Beyond
xsp = 0.5, the contribution of (rj
2
) decreases, reaching zero, and the Vy invari-
ant goes to a minimum value about when the spherulites become volume filling
(xsp = 1), since the the terms arising from the effect of the surrounding polarizabil-
ities go to zero. After spherulitic impingement, any increase in both invariants is
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a further indication of an increase in the fraction of crystals within the spherulites
or their degree of perfection or orientation (P2 increases to a limiting value of 1)
during secondary crystallization. The second increase in the Vv intensity should
be small since for small angles the sin2 pi term in Equation 2.23 can be ignored,
and when xsp = 1, QVv = \Q I1v .
Figures 2.4 and 2.5 show the changes in the relative Hv and Vv invariants and
the spherulite radius (Rsp ) during the crystallization of a 22 fim film of El at 115
and 118°C respectively. The corresponding transmitted intensity measured simul-
taneously with the scattering intensity is shown in Figures 2.6 and 2.7 respectively.
Temperature profiles measured during each experiment at these temperatures are
shown in Figures 2.8 and 2.9. In the temperature range studied, we find the on-
set of changes in the Hy and Vy intensities to occur simultaneously. According
to Equations 2.17 - 2.25, this observation is consistent with an increase in density
and orientation fluctuations of the spherulite. However, one must be cautious with
estimates of onset times from initial increases or decreases in scattering intensities
alone.
As a result of the reciprocal relationship between the size of the scattering
pattern and the size of the scattering spherulite, the scattering pattern during the
early stages of crystallization is large (but of low intensity) and becomes smaller
and more intense as spherulites grow. The simultaneous measurement of incident
intensity transmitted through the sample with the scattering is a more sensitive
method for determining the onset of scattering. Polyethylene does not absorb
visible light, so that the decrease in the intensity of a light beam passing through
the sample represents a loss in energy equal to the total energy scattered at all
angles. The turbidity (r) is a measure of total scattering and is defined by the
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relation






where T is fraction of the incident intensity transmitted by a sample of thickness d.
At 115°C, the turbidity increases after 83 ± 1 s while the initial increase in the
invariants occurs after 89 s (Figure 2.6). At 118°C, an increase in the Hv and Vv
invariants is observed after 158 s while the turbidity increases after 133 s (Figure
2.7). The results show that the onset of scattering occurs earlier than what one
would estimate from the onset of changes in the scattering intensities alone. This
discrepancy can be attributed to the weak scattering during the initial stages of the
morphology resulting in intensities lower than the sensitivity of the measurement.
At both temperatures, our SALS Hv patterns show that during the growth of
crystalline aggregates, the shape of the scattering patterns evolve from one with
very little azimuthal 1 dependence to one characteristic of mature spherulites (Fig-
ures 2.10 and 2.11). This observation indicates that during the early stages of
growth, the anisotropy of the growing crystal aggregate is low. We observe that
the % transmission goes through a minimum while the relative Vy invariant reaches
a maximum near 104 s (Tc = 115°C). However at 118°C, the %transmission shows
a broad minimum near 186 s and the Vy intensity reaches a maximum near 238
s. For the % transmission observed in the region of the maximum Vy invariant,
multiple scattering should be largest.
According to Equations 2.17-2.19, the Vv invariant must go through a minimum
when the limiting radius is attained and corresponding pattern should exhibit two-
fold symmetry. However at this stage, the Vy intensity is large as a result of
additional density fluctuations contributing to the Vy scattering (Figures 2.4 and
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2.5). This contribution arises from the average refractive index difference between
crystalline domains rich in the most linear sequences and more branched sequences
that remain in the melt state. As these branched sequences crystallize, the Vv
intensity decreases and the Hv pattern evolves into one characteristic of a mature
spherulite; the intensity maximum at small angles decreases and one at larger an-
gles characterizing the size of the spherulites increases (Figures 2.10 and 2.11). The
large increase observed in the Hv invariant after spherulitic impingement strongly
suggests that most of the material that can crystallize at this temperature, crys-
tallizes during this stage. Spherulite size and growth rates for both temperatures
are summarized in Table 2.1.
Table 2.1: Spherulitic growth parameters for sample El
Temperature (°C) Gs (nm/s) Rsp (/urn)
115 440 9.0
118 110 7.7
Spherulitic growth is believed to occur through a series of stages [72]. In the
first stage, multilayered chainfolded structures, sheaflike in appearance, are formed
either by additional chain-folded layers developing on a single crystal or by simulta-
neous formation of several lamellae [73]. The constituent layers gradually fan out or
splay progressively as shown in Figure 2.12. The evolution of the these intermedi-
ate structures (referred to as axialites/hedrites) into three dimensional spherulites
occurs by continued splaying of lamellae along more than one axis. Precisely how a
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spherulite develops depends on several factors which include how its nucleated and
the subsequent noncrystallographic branching of the chain folded crystals during
growth. The fine structure resulting from specific nucleation conditions has been
studied extensively by polarized microscopy and transmission electron microscopy
(TEM) [38,44-46,74,75]. Polarized microscopy is usually informative on the mor-
phology from a few microns to several tens of microns. TEM provides information
on the morphology from the lamellar level to the spherulitic architecture. How-
ever, for the TEM observation, one has to cool the specimen crystallized at high
temperature (Tc ) down to room temperature to carry out the pre-treatment, such
as permanganic etching and Ru04 staining. If some structural changes take place
after the drop from Tc to room temperature, TEM information does not describe
the morphology developed at Tc .
In studies [44-46] specific to various linear polyethylenes, two classes of lamellae
were identified; first-forming or dominant lamellae which lay down the framework
of the spherulites and the later-forming or subsidiary lamellae which fill the frame-
work. At sufficiently low undercoolings, by the time the secondary crystallization
process (formation of subsidiary lamellae) starts, spherulites have generally im-
pinged. Our time-resolved scattering observations are consistent with the results
of these previous microscopy studies. Even though there is a wealth of informa-
tion about the fine structure of spherulites, the early evolution of the structure
and the subsequent noncrystallographic branching of the chain folded crystals dur-
ing growth is not well understood. In the following discussion we will show that
real-time light scattering during crystallization of El under conditions where the
crystallization is slow can give some insight into the nature of the superstructures
formed during the early stages.
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At sufficiently low undercoolings, it is reasonable to assume that growth of
spherulites will depend on the radial growth of the dominant lamellae and the rate
of lateral growth resulting from noncrystallographic branching as the growth front
advances into the undercooled melt. The evolution of spherulites from bundle-
like crystals which evolve into sheaves and eventually into complete spherulites
has been idealized by the fan model, which consists of two opposite sectors of a
disk [76-78] (Figure 2.13). The orientation of the fan is defined by the angle 7
between its axis and the Z-direction and the angle 2(5 characterizes the aperture
of the fan (sector angle). The scattering intensities are obtained by averaging the
squares of the amplitudes for all the orientations of the particle. For this model, it
was shown [77] that the scattered intensity at low scattering angles is remarkably
increased by decreasing the sector angles. It was also shown [77] that for very small
values of the sector angle, the calculated Hv pattern becomes similar to that of a
rod. Using this model, Stein and Misra [78] calculated Hy scattering profiles at an
azimuthal angle of 45 during various stages of crystal growth. Their results show
that at short times, the intensity profile decreases monotonically from low angles,
characteristic of rod-like structures, while at longer times the intensity increases
and a maximum occurs at some angle, 9max , characteristic of the radius of the
incomplete spherulite. As time approaches that to form a complete spherulite,
the pattern evolves toward the four-leaf clover type Hv pattern characteristic of
perfect spherulites. The evolution of our Hv patterns (Figures 2.10 and 2.11),
and the one dimensional intensity profiles at an azimuthal angle of 45
0 during
crystallization at both temperatures are consistent with these predictions (Figures
2.14 and 2.15). The corresponding Vv patterns are shown in Figures 2.16 and
2.17. At both crystallization temperatures, we obtain positive induction times for
crystallization from the extrapolated plot of the spherulite radius against time. A
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negative induction time will require a radial growth rate which was either initially
faster than linear or else that the growth started from a preformed rodlike nucleus
having a finite size at t = 0.
At 115°C, an extrapolation of the linear growth region to zero radius results
in a positive intercept on the time axis at 90 s which is in good agreement for
the onset of increase in the scattering intensities in both modes (89 s). The time
corresponding to zero radius at 118°C is 186 s. At this time, the turbidities pass
through a maximum while the SALS invariants are increasing. One alternative
interpretation of the Stein-Misra model is that if the rate of branching or splay-
ing is low, scattering characteristic of sheaflike aggregates commonly referred to
as axialites/hedrites would persist at longer times than expected. This may be
what is observed at 118°C. Moreover, careful work on the crystallization of narrow
fractions of homopolymers (polyethylene and polyethylene oxide) by Mandelkern
[79, 80] indicate that the formation of spherulites occurs readily at large undercool-
ing whereas the formation of axialites due to incomplete splaying occurs at lower
undercoolings.
An alternative model that can describe the observed intensity variations is the
the internal disorder of the spherulites is changing with time. Internal spherulitic
disorder may arise from variations in the optic axis orientation within the spherulites,
The effects of such variations have been the subject of several studies [81-84]. As
pointed out by Yoon and Stein [84], the orientational correlations between neigh-
boring crystalline volume elements determines the internal order of the spherulite.
The amount of disorder in the spherulite is described by a disorder parameter 6 such
that 8 = 0 for perfectly ordered spherulites, whereas highly disordered spherulites
are described by a value of 5 > 0.5. The effects of this type of disorder are the low-
ering of the Hv intensity at the maximum and an increase in the scattered intensity
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at low and high scattering angles. The scattering intensities at azimuthal angles
\i = 0° or ix = 90° are expected to increase as the degree of disorder increases. The
disorder parameters can be estimated by several methods [67,84]. We estimate
this parameter from the intensity ratio = 0°,q = qmax)/I^ = 45°, q = qmax )
for El at 115 and 118°C. Plots of the intensity ratio and Rsp against time are
shown in Figures 2.18 and 2.19. In accordance with the Yoon-Stein model and
our SAXS/WAXD observations, the results suggest that during the early stages of
growth, the relative orientation of the growing crystal-bundles are poorly correlated.
The correlation between crystalline volume elements increases as the crystallization
proceeds. The limiting value of of the experimental disorder parameter is 0.2. This
value is in agreement with previous values determined for polyethylene [84].
In order to determine the weight fraction crystallinity during the SALS mea-
surements we performed DSC measurements where the samples were quenched
from 160°C to the crystallization temperature at varying quench rates between
25 to 320 °C/min. Our SALS temperature profiles show that one reaches the crys-
tallization temperature in about 90-100 s at the temperatures studied (Figures
2.8). In order to compare the DSC data to the SALS data, we corrected our DSC
crystallization times to match that for SALS. At 115°C, spherulites impinge 28 s
after reaching the crystallization temperature and at this time, the weight fraction
of crystallized material estimated from DSC is about 2 % (Figure 2.20). Thus
spherulitic growth occurs when the apparent degree of crystallinity is less than 2
% of the final crystallinity that can be attained in the sample at this temperature.
Similar results are obtained at 118°C (Figure 2.21).
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2.4.2 Development of Lamellar and Unit Cell
Changes in the SAXS/WAXD scattering profiles during the first 275 s are shown
in Figure 2.22. The analysis of our synchrotron WAXD data show that during
crystallization at an average temperature of 114.5 ± 0.5°C, the a and b unit cell
lattice parameters contract, the crystal density increases and the full width at half
maximum (FWHM) of the (110) and (200) crystalline reflections decrease (Figure
2.23). FWHM is a measure of broadening due to finite crystal size and distortion
due to imperfections within the crystal. In the absence of higher order reflections
one cannot conclusively say which contribution to this quantity is dominant. The
decrease in FWHM observed strongly suggests crystal perfection occurring during
the growth of the crystalline phase. Crystallization theories have demonstrated
that the initial formation of lamellar crystals is kinetically controlled; the observed
lamellar thickness is that which grows fastest and is not necessarily the most stable
crystal which could have been grown. Thus our observations are consistent with
an increase in the perfection of the first formed crystals via the removal of defects.
The results of our correlation function analysis suggest that the size and dis-
tribution of lamella stacks within the spherulites is non-uniform so the average
separation between stacks can be very large. From this analysis, LMax
,
LB > Lmin
during crystallization. The physical implication of this observation is that the
most probable distance between adjacent crystals separated by an amorphous layer
(LMax
,
Lb) is always larger than the distance between the center of mass of a crys-
tal and its adjacent amorphous region. This observation has been attributed to
large differences between the width and thickness distribution of the thicker phase
(crystalline lamellae) and thinner phase (interlamellar amorphous phases) [57-59].
Furthermore, for several polyethylene samples, it has been demonstrated that a
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model where a finite number of lamellar stacks separated from each other by large
interstack amorphous regions ("liquid pockets") can account for the broad distri-
bution in the width and thickness of the crystal lamellae [58, 59]. Since the size and
distribution of the lamella stacks is non-uniform, we expect similar properties for
the "liquid pockets"
.
Moreover, the crystalline fraction within the lamellar stacks
xCL is considerably larger than the overall degree of crystallinity. xCL has a value
of 0.7 which is independent of time and temperature of crystallization [85]. This
observation is in agreement with previous findings for polyethylene [59].
To discuss the secondary crystallization process after spherulitic impingement,
one needs to consider SAXS data obtained simultaneously with WAXD. Figure
2.24 shows the development of morphological quantities for SAXS and crystallinity
determined from WAXD during isothermal crystallization of El at an average tem-
perature of 114.5 ± 0.5°C. During the initial increase in the SALS invariant and
volume crystallinity determined from WAXD, the average crystal and amorphous
thicknesses cannot be resolved with reasonable accuracy (Figure 2.24). Thus the
assumption of well defined crystalline and amorphous regions within the lamellae
is not appropriate at this stage. This result also suggests that during the early
stages of growth, the lamellae contain highly disordered crystals. The increase in
SAXS invariant and volume crystallinity determined from WAXD is due to an in-
crease in the fraction of crystalline lamellae. Our SALS data show that spherulitic
growth is abrupt. Thus the decrease in the average crystal thickness and the slight
increase in the amorphous thickness shown after 300 s, occurs after spherulitic
impingement. Since the average crystalline thickness is much larger than the aver-
age amorphous thickness, new crystals cannot be formed in the amorphous regions
within the lamellae. These crystals are probably nucleated on pre-existing crystals
and are located in the amorphous regions surrounding the lamellar aggregates. For
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this mode of secondary crystallization, when one employs the classical nucleation
treatment [86, 87] for a free nucleus assumed to be a thin square plate of side a and
thickness L to secondary crystallization under these conditions, the critical nucleus
is half as thick as that for a free nucleus. The critical free energy of nucleation is
smaller; thus, nucleation rates and, hence crystallization rates would be greater for
the secondary than the primary process.
A convenient way to determine whether the primary or secondary crystallization
rate is faster is by analysis of DSC crystallization isotherms. The overall isothermal
crystallization behavior of molten polymers is generally described by the Avrami
equation [88]:
Xc(t)/Xc {oo) = 1 - exp{-ktn ) (2.28)
where Xc (t) and Xc (oo) are the fractions of crystals at time t and infinite time
respectively. The Avrami exponent n depends on the mode of crystallization. For
system where the nucleation occurs heterogeneously, n takes on integral values of 1,
2, or 3 for one-, two- or three-dimensional growth geometry respectively . The rate
constant k depends on the nucleation and growth rates, and temperature. In this
study, the rate constant k was calculated from the half-life of the crystallization
ti, and the average value of n. The Avrami exponent is obtained from the slope
of ln[— ln(l — Xt )] versus \nt, and Xt = Xc (t)/Xc (oo). Such an analysis requires
the accurate determination of the experimental time (t) from the initial onset of
crystallization. For sample El, DSC crystallization isotherms were obtained in the
temperature range 114-118°C. Outside this temperature range, isotherms with well
defined crystallization onsets are difficult to obtain because of fast crystallization
at lower temperature or very slow crystallization at higher temperatures.
The isothermal crystallization results are summarized in Figure 2.25 and Table
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2.2. Analysis of the crystallization-time dependence by Equation 2.28 indicates
two processes. Rate constants, ku and values of n x were obtained for the primary
process assuming that it proceeded independently of the secondary process (Table
2.2). For sample El, n
x
= 2.9 ± 0.1 over the temperature range shown in Figure
2.25 and the half time of crystallization h increased with increasing crystallization
temperature. These results may be compared to those reported by Ergoz, et al.
[89], and Fatou, et al. [90], for linear polyethylene fractions with molecular weights
ranging from 40,000-8,000,000. According to their studies on the molecular weight
dependence of the overall crystallization kinetics of polyethylene, they obtain an
Avrami exponent of 3 in the molecular weight range 8,000-1,000,0000 which is in
good agreement with our results.
In the temperature range studied, the primary crystallization rate is slower than
the secondary, especially at higher temperature. This observation holds even when
the experiments are repeated using temperature profiles that approximate those
used for SALS and the synchrotron measurements and is unaffected by the sample
thickness.
The value of the secondary Avrami constant obtained is close to 1.0 Table 2.2.
This value is consistent with the assumption of one dimensional growth during the
conversion of material in the interlamellar regions. Thus from DSC and SAXS the
dominant secondary crystallization process is by nucleation on preexisting crys-
tals and these secondary crystals are confined to the interlamellar regions. The
rapid decrease in the average crystal thickness observed by SAXS initially and the
slower decrease observed in at longer times can be rationalized by the following
arguments. We believe that the ability of the remaining melt to crystallize will
depend on the net free energy change for nucleation on a pre-existing crystal. As
the crystallization process proceeds, the net free energy change when the remaining
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melt is transformed to a crystal will decrease if perfection of the newer crystals de-
creases. This secondary process will repeat itself at a decreasing rate as the kinetics
is controlled by the ability of the remaining melt to crystallize. Thus the average
crystal thickness should decrease more rapidly during the early stages of secondary
crystallization when the net free energy change on transforming the neighboring
melt regions to a crystal is large and more slowly at longer times.
Table 2.2: Crystallization kinetic parameters for sample El
Temperature ti (min)
2 '
m k\ (min n ) n2 k2 (min n )
115 1.56 2.9 1.9 x KT 1 1.0 4.4 x 10" 1
116 2.54 2.9 5.0 x 1(T 2 1.2 2.4 x 10" 1
117 5.87 2.9 4.3 x 1(T 3 1.3 6.6 x 1(T2
118 13.13 2.9 3.8 x 1(T4 1.3 2.6 x 10" 2
2.5 Conclusions
In conclusion, the combination of DSC data with scattering data from SALS,
SAXS and WAXD indicate that during the early stages of crystal growth, the crys-
talline order and hence the degree of crystallinity is low. In the sample studied, the
sequence distribution along each chain is broad. It is possible that the initial stages
of crystallization involves the aggregation of the longest ethylene sequences of a
given molecule coalesce with similar segments of adjacent molecules in a theimody-
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namically driven phase separation. These aggregates form a spherulitic framework
for the subsequent crystallization of shorter ethylene sequences. The evolution of
the Hv SALS pattern shows that that the internal order of the spherulites increases
as crystallization proceeds. The intensity variations observed can also be described
by a process where bundle-like crystals which evolve into sheaves and eventually
into complete spherulites by branching or splaying. This morphological interpre-
tation is consistent with previous microscopic studies [44-46,50,79,80]. It is likely
that the low degree of crystallinity observed after the spherulites had impinged in-
dicates that the rate of crystal branching during the primary growth process is low;
therefore the volume fraction crystallinity within the spherulites is also low. The
increase in Hv invariant and crystallinity determined by DSC after the spherulites
have become volume filling is due to the formation of secondary crystals and an
increase in crystal perfection. Our SAXS results indicate that these secondary
crystals are not nucleated in the bulk amorphous phase but on the surface of pre-
existing crystals. Since thinner crystals are formed during this stage we expect
that they are confined within the "liquid pockets" between stacks of primary or
preformed lamellae.
Even though molecular weight fractionation can occur in this sample as for
polydisperse linear polyethylene, we believe that segregation due to the wide dis-
tribution in ethylene sequences along each polymer molecule is more important. For
the sample studied, we propose that dominant lamellae are formed by the crystal-
lization of the longest ethylene sequences along the chain while subsidiary lamellae
are formed from shorter sequences. In conclusion, the data show that in this case
of crystallization at low supercooling, spherulitic growth (primary crystallization)
occurs while the apparent degree of crystallinity is less than 2 %. Over 90 % of the


































Figure 2.3: Typical one-dimensional correlation function 71 (r) showing the main
parameters to be used. The value of the abscissa at the first intercept of the corre-
lation function is A and B is the value of the abscissa where the self-correlation line
intercepts a baseline. LMax is the long period determined from the first maximum

















































Figure 2.4: Changes in the relative invariant: () Vy, (•) and the average
spherulite radius (*) during crystallization of El at 115°C.
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Figure 2.5: Changes in the relative invariant: () Vv , (• ) Hv , and the average
spherulite radius (*) during crystallization of El at 118°C.
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Figure 2.6: Changes in the turbidity times thickness (rd) and % Transmission
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Figure 2.7: Changes in the turbidity times thickness (rd) and % Transmission
during crystallization of El at 118°C.
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Figure 2.8: Typical cooling curves during crystallization of El at 115°C.
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Figure 2.9: Typical cooling curves during crystallization of El at 118°C.
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Figure 2.10: Hv patterns during crystallization of El at 115°C. Melt background













Figure 2.11: Hy patterns during crystallization of El at 118°C. Melt background
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Figure 2.14: Variation of the one dimensional Hv scattered intensity with wavevec-
tor q at an azimuthal angle fj, = 45
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Figure 2.15: Variation of the one dimensional Hv scattered intensity with wavevec-
tor q at an azimuthal angle \i = 45
0 during crystallization of El at 118°C.
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Figure 2.16: Vv patterns during crystallization of El at 115°C. Melt background
contribution has been subtracted.
61
9=11°
(c) 228 s (d) 248 s (e) 268 s
(f) 288 s (g) 308 s (h) 358 s
Figure 2.17: Vv patterns during crystallization of El at 118°C. Melt background













Figure 2.18: Variation of the intensity ratio J(/i = 0°)//(/z = 45°) at 9 = gmaa; and
the spherulite radius during crystallization at 115°C.
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Figure 2.19: Variation of the intensity ratio I{n = 0°)/I(n = 45°) at q = qmax
the spherulite radius during crystallization at 118°C.
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Figure 2.20: Variation of overall weight fraction of crystallized material Xt during
crystallization of El at 115°C.
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Figure 2.21: Variation of overall weight fraction of crystallized material Xt during








Figure 2.22: Development of SAXS and WAXD intensity profiles during crystalliza-
tion of El at an average temperature of 114.5 ± 0.5°C after melting at 160°C for






























Figure 2.23: Development of morphological quantities for WAXD during isothermal
crystallization of El at an average temperature ofll4.5±0.5°C: upper graph shows
changes in the unit cell parameters, a (• ) and b (); lower graph shows crystal
density pc (• ) and full width at half maximum (FWHM) of the 110 ( ) and
200 ( ) crystalline reflections.
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Figure 2.24: Changes in morphological quantities for SAXS and WAXD during
isothermal crystallization of El at an average temperature of 114.5 ± 0.5°C: volume
degree of crystallinity determined from WAXD $ c (•), SAXS invariant Qsaxs
( ) and the amorphous and crystalline thicknesses la (O) and lc (o ) obtained
from the correlation function approach.
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Figure 2.25: Variations of overall weight fraction of crystallized material Xt and its
double logarithm versus logarithmic time (min) in pure El: (• ) 115°C, () 116°C,
() 117°C, (o ) 118°C. The sample was melted at 160°C for 15 or 30 minutes and
quenched at 300°C/min to the crystallization temperature.
CHAPTER 3
BLENDS OF HOMOGENEOUS ETHYLENE-OCTENE
COPOLYMERS WITH LONG CHAIN BRANCHES:
CRYSTALLIZATION AND MELTING BEHAVIOR
3.1 Introduction
Cocrystallization between HDPE and branched polyethylenes has been investi-
gated by several groups over the last decade, with some groups reporting extensive
or complete cocrystallization, and others reporting little or no cocrystallization.
The differing observations arise principally from the diversity of the systems which
have been investigated, and particularly the identity of the branched component.
Most investigations have employed mixtures of commercial HDPE (unbranched,
polydisperse) and heterogeneous LLDPE (branched, polydisperse). These LLDPE
samples usually contain some long chain branching (branches with more than 8
carbons).
The results of comprehensive studies of cocrystallization in polydisperse com-
mercial HDPE/LLDPE systems by Tashiro and co-workers [91-97], who used DSC,
Fourier-transform infrared (FTIR) spectroscopy, WAXD and SAXS and that of
Wignall et al. [23], who employed SANS, SAXS, and DSC agree remarkably well
with the findings of Alamo et al. [24, 98, 99] on blends of model compounds. Alamo
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and co-workers [24] investigated blends of narrow distribution, high molecular
weight (Mw = mkg/mollMv/Mn = 1.1) HDPEandan HPBD [Mw = lOSkg/mol\
Mw/Mn = 1.3) containing 22 ethyl branches per 1000 backbone carbons. Using a
combination of DSC, SALS, transmission electron microscopy (TIOM), and Hainan
Longitudinal acoustic mode measurements, they demonstrated that cocrystalliza-
tion occurs when blends are rapidly quenched, but that segregation occurs during
isothermal crystallization. They extended their methods to study the effect of in-
creasing branch content on the cocrystallization behavior of 50:50 blends of linear
and branched species. No cocrystallization was observed when the branch con-
tent exceeded 55 ethyl units per 1000 backbone carbon atoms. For the commercial
blend systems studied by Tashiro and co-workers [91- 97] when the average LLDPE
branch content was lower than 40 branches per 1000 backbone carbon atoms cocrys-
tallization was observed with the polydisperse linear polyethylene under rapid or
slow crystallization conditions. Higher branch contents resulted in macroscopic
phase segregation [97].
This inability of the blend components to cocrystallize above 40 - 50 branches
per 1000 backbone carbon atoms can be attributed to melt phase separation or
the lack of significantly high concentration of long ethylene sequences, which are
necessary to participate in the crystallization with the linear polymer. When the
crystallization rate is reduced by slow cooling or by isothermal crystallization, al-
though cocrystallization occurs to a small extent depending on temperature and
composition of the blends, there is a strong tendency for the formation of sep-
arate crystalline domains. The different results that are obtained, for different
modes of crystallization from a homogeneous melt of the same blends, highlight
the importance of the crystallization kinetics of each species in determining the
structure in the crystalline state. Thus it is more appropriate to consider blends
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of polydisperse HDPE/LLDPE systems to contain a continuum of crystallizable
species whose crystallization behavior may well differ from that of a simple binary
system of linear and uniformly branched components. Unfortunately, one cannot
completely resolve quantities that characterize each crystalline species formed even
in the model binary systems of linear and uniformly branched components with
narrow molecular weight distributions. This is largely due to the fact that broad
thickness distributions of each species could cause the overlap of two melting en-
dotherms corresponding to separated crystallites if DSC is employed. SAXS and
SANS profiles of the final morphologies, after subjecting the sample to specific
crystallization conditions, do show features that allow one to confirm the absence
or presence of cocrystallization even when the samples are polydisperse [23].
Real time SALS during crystallization or melting of blends is a technique which
can be used to determine if the segregation occurring during crystallization results
in macroscopic domains. Recently Ueda k Register [100] studied the possibility of
cocrystallization in a model system of linear and short-chain branched polyethylene.
Both components had low molecular weight and narrow molecular weight distri-
butions. The branch content of the HPBD was approximately 16 ethyl branches
per 1000 backbone carbons. By combining real-time SALS in the Hv polariza-
tion mode with optical microscopy, they demonstrated that the HPBD and linear
polyethylene crystallize into separate lamella stacks even for the most rapid cooling
conditions attained. The rapid growth rate of the linear polyethylene creates vol-
ume filling spherulites which trap the HPBD in micron-size inclusions, within which
it subsequently crystallizes on further cooling. These observations are consistent
with the pioneering work of Keith [101,102]. In this work, it was suggested that the
characteristic size of the pockets in which the noncrystallizable impurity is given by
the ratio D/G where D is the diffusion coefficient of the impurity in the melt and
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G is the radial growth rate of the spherulite. If one considers a temperat ure high
enough so only the linear component crystallizes slowly and the branched compo-
nent does not, the branched component can diffuse out of the interlamellar regions
before it crystallizes on further cooling. However at low temperatures, diffusion
of the branched component is slower and may not be able to diffuse out of the
interlamellar region of the linear component that has already crystallized before it
crystallizes.
It is now apparent that the extent of segregation during crystallization of blends
of linear and branched polyethylene will depend on temperature and cooling rate.
Thus it is desirable to employ a method that can monitor changes in the size
of the segregated regions. For example during cooling, the extent of segregation
within the lamellae can be resolved by use of synchrotron SAXS, where changes in
the average crystal thickness extracted from the data via the correlation function
approach [54,63] can be used to determine the extent of segregation if compared
to changes in the pure components under the same conditions. Interpretation of
the degree of segregation using the long period determined from the maximum in
the Lorentz corrected intensity can lead to misleading results since this quantity
depends on both the crystalline and amorphous regions. Such experiments have
been performed [41]. However the results were not interpreted using the average
crystal thickness determined by the correlation function approach.
In this chapter, we report the results of our time-resolved simultaneous syn-
chrotron SAXS/WAXD, separate real-time SALS and DSC studies during the
crystallization and melting of blends of homogeneous ethylene- 1-octene copoly-
mers. Our results show that the crystal growth process in the blends is slower than
that of the high density component (El) as a result of dilution of high melting El
chains. When the average branch content of the blend is 14 branches per 1000 car-
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bons complete spherulites are observed. The average internal spherulite disorder is
unchanged relative to that obtained for El, even though these spherulites contain
micron-size inclusions of lower melting species, which crystallize on further cooling.
Varying degrees of cocrystallization between the blend components is observed in
the temperature range studied. When the average branch content of the blend is in-
creased to 58 branches per 1000 carbons, the crystallization rate is faster than that
of the moderate increase but the morphology suggested from SALS is consistent
with non-volume filling spherulites. For this case, our data suggest that the domain
sizes resulting from the incipient melt phase separation is the likely cause of the
accelerated crystal growth. However, the incomplete/non-volume filling spherulite
morphology may be a consequence of the competition between amorphous phase
separation in the residual melt and crystallization. For this blend, no evidence for
cocrystallization is observed at all undercoolings. We attribute this result to the
absence of sequences that can participate in the crystallization with El.
3.2 Experimental
3.2.1 Materials and Sample Preparation
Ethylene-octene copolymers prepared with metallocene catalysts were used.
Characterization data are shown in Table 3.1. We determined branch content of
the samples from 13C NMR measurements. The melt indices and densities for El,
E2, and E7, and molecular weight characterization data for El were provided by
Dow Chemical Company. El has weight average molecular weight (Mw ) of 69,000
and a polydispersity (Mw/Mn ) of 2.33. E1/E2 and E1/E7 blends were prepared by
dissolving weighed samples in p-xylene (total concentration of polymer is about 2
75
g/100 cm3 ) containing less than 1 wt. % (corresponding to the total weight of the
polymer mixture) 2,6-di-tert-butyl-4-methylphenol as an anti-oxidant. The result-
ing mixture was stirred at 130 °C for at least 1 hour after complete dissolution is
observed. The solution was then co-precipitated in methanol (at
-78°C), filtered,
washed and dried under vacuum at 40°C until no additional weight change was
observed. This method has been shown to remove any stabilizers and a significant
fraction of residual catalysts in the sample.
For scattering studies, films (thickness 100 fim - 1 mm) were prepared by melt
pressing the dried samples placed between Kapton films in a laboratory hot press
(Carver press, Model C) at 155°C for 20-30 minutes at 1 X 104 psi under vacuum.
The molded films were then allowed to cool slowly to room temperature. Films
with thicknesses less than 100 (im are prepared by solvent casting polymer/xylene
solutions onto clean glass cover slips. A 2 wt % solution gives films approximately
10 ^m thick. Samples for differential scanning calorimetry (DSC) were prepared
from the pressed films.










El 1.94 2.5 0.9350 125
E2 25.9 3.5 0.9100 104 98
E7 113.7 0.5 0.8630 w 50
(very broad)
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3.2.2 Differential Scanning Calorimetry
All measurements were carried out by the procedures described in Section 2.2.2.
3.2.3 Wide-Angle X-ray Diffraction
All measurements and analyses were carried out by the procedures described in
Sections 2.2.3 and 2.3.1 respectively.
3.2.4 Synchrotron X-ray Scattering
All measurements and analyses were carried out by the procedures described in
Sections 2.2.3 and 2.3.2 respectively.
3.2.5 Small-Angle Light Scattering
All measurements and analyses were carried out by the procedures described
in Sections 2.2.4 and 2.3.3 respectively. Multiple scattering corrections were per-
formed as described by Stein and Keane [65] to determine if the observations were
dependent on the use of the correction.
3.3 Results and Discussion
One usually observes that the crystallization temperature of the higher melting
component is decreased by ca. 2-10°C when blended with another polyolefin. This
retardation of "primary" crystallization results from dilution of the high Tm chains
and show that the polymers have considerable miscibility, although the liquid may
or may not be one-phase. At a given blend composition, a depression in the melting
temperature of the high melting species and a slow "primary crystallization rate" is
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expected for a one-phase melt. For a two-phase melt, the "primary crystallization
rate" should be relatively faster and a negligible depression in the Tm of the high
melting species should be observed.
A direct measure of the primary crystallization rate is usually obtained from
Hv SALS data. For example, the reduction the spherulite growth rate of isotac-
tic poly (propylene) (it-PP) has been observed in a two phase but partially miscible
blend of it-PP and poly(l-butene) [103]. It-PP spherulites grow through both liquid
phases at relative rates that depend markedly on the crystallization temperature.
The growth rate of syndiotactic polypropylene (s-PP) spherulites is unmodified
in two-phase it-PP/s-PP blends [104]. Typical scattering patterns for each sam-
ple crystallized at 115 °C are shown in Figures 2.10, 3.1 and 3.2. During the early
stages of crystal growth of El, 50/50 E1/E2, and 50/50 E1/E7, a scattering maxi-
mum defining the average spherulite size is either absent or very ill-defined at the
crystallization temperature studied. For crystalline polymers, the SALS Hy invari-
ant is directly proportional to the volume fraction of superstructures formed by the
crystals. This quantity can serve as a measure of the primary crystallization rate
if the birefringence of the crystals remains constant. Figures 3.3 and 3.4 show Hy
invariants as a function of time for El, 50/50 E1/E2 and 50/50 E1/E7 at 115 and
118°C. The initial increase in the Hv invariants in this sample is linear with time,
which suggests that during this stage, the birefringence is relatively constant. At
115°C the rate of increase of the Hv invariants corrected for the volume of El in
the blends is 37% less than that of El alone while at 118°C, this rate is decreased
by 77%. Since the growth rates of the superstructures in 50/50 E1/E2 and and
50/50 E1/E7 are less than that of El at the same temperature, we can say that
growth of crystals in these blends occurred from partially miscible melts.
The onset of changes in the SALS invariants for El and 50/50 E1/E7 occur
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simultaneously while the onset for 50/50 E1/E2 occurs much later at both tem-
peratures (Figures 3.3 and 3.4). Our transmission measurements confirm this ob-
servation and typical data at 115 and 118°C are shown in Figures 3.5 and 3.6. If
crystallization in 50/50 E1/E2 occurred from a melt that was more homogeneous
than that of 50/50 E1/E7 then the lag may reflect processes where chains of the
same sort have to come together to form initial crystal and more possible ways to
form crystals in 50/50 E1/E2 since sequences from E2 can be incorporated. From
SAXS, the average crystal thickness (lc ) is larger in 50/50 E1/E2 than El (Table
3.2). This observation is possible if only the most linear sequences of E2 that are
equal or larger than the fold length of pure El co-crystallize with El, and/or the
cocrystal has more defects arising from incorporating E2. Our synchrotron WAXD
data at 115°C show that the initial rate of increase in the crystallinity in the blends
are the same but much slower than that of El while the onset of increase in 50/50
E1/E7 precedes that of 50/50 E1/E2 (Figure 3.7). In addition, our DSC mea-
surements show that the half lives for crystallization (£1/2) in the blends are larger
than that for El while that for 50/50 E1/E7 is smaller than that for 50/50 E1/E2
(Table 3.2). The variation of the overall weight fraction of crystallized material
and the corresponding Avrami plot are shown in Figure 3.8. These results strongly
suggest that the 50/50 E1/E2 melt is more miscible than that for 50/50 E1/E7
since the overall crystallization rate is slower. On the otherhand, the results for
50/50 E1/E7 are consistent with some degree of phase separation occuring before
crystallization. Our transmission measurements do not show any variation in the
melt before crystallization. For the angular range probed (6max = 15°), we can only
resolve domains larger than l/im with reasonable accuracy. Thus on can say that
the domain sizes resulting from the incipient phase separation are too small to be
observed in the angular range probed (sub micron in size) but are large enough to
79
accelerate the crystal growth process as reflected in SAXS, WAXD, SALS and DSC.
We will show that this conclusion is consistent with our melting measurements.
Table 3.2: Summary of relevant parameters during crystallization at 115°C. Syn-
chrotron SAXS and WAXD parameters are values during the latter stages of crys-
tallization.













El 1.56 198 88 7.568 4.915 9.2 x 10- 3
50/50
E1/E2
4.46 227 90 7.552 4.894 1.27 x 10" 2
50/50
E1/E7
2.84 186 99 7.568 4.915 1.21 x 10" 2
3.3.1 Cocrystallization and Segregation
For polymer systems where the two components have different unit cells, WAXD
can easily assess whether cocrystallization occurs or not. However, because linear
and branched polyethylene have essentially identical unit cells, interpretation of the
WAXD pattern would necessarily rest on quantitative analysis of the line shape,
making an unambiguous determination difficult. The dimensions of the unit cells
of crystals have as a general rule constant values which change slightly with tem-
perature. Deviations of the constant values are mostly attributed to the presence
of crystal defects in the lattice. This observation has been the basis of many inves-
tigations of the cell dimensions of various polyethylenes. The focus of these studies
[105-107] was on polyethylenes with short side chain branches (ethyl, methyl). The
general conclusion was that an increase in the side chain branches is paralleled by
an increase of the a-axis and to a lesser extent of the 6-axis. In addition, the cross-
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section area of the unit cell was found to increase with branching. However, is not
clear if the observed expansion can be attributed solely to the inclusion of defects
or is a consequence of the formation of thin crystallites in copolymers. Copolymers
are known to form thin crystallites so that the lateral dimensions may be altered by
the local stress entered at the basal planes [7]. It has been suggested that because
of the reduced crystallite thickness the a-axis expansion could be caused by strain
at the interphase due in part to the crowding of co-units in this region [108]. From
this point of view, lattice expansion does not necessarily reflect internal defects
within the crystallite. Support of this concept has come from observation of lattice
expansion in linear polyethylene, both solution and melt crystallized [109] and in n-
alkanes [109, 110]. The observed expansion is inversely proportional to the lamellar
thickness. In these cases, there are no branches to be included within the lattice.
However, similar relations have been found for hydrogenated polybutadienes [111]
and a variety of ethylene copolymers [35, 112, 113].
Examination of the unit cell parameters during the late stages of crystallization
show that the average values of the a- and b- axes of the pure component El are
7.57 and 4.92 A respectively (Table 3.2). These parameters are much larger than
that for linear polyethylene (a = 7.4175 A, b = 0.4946 A) [114] and may reflect
the inclusion of defects or the formation of thin crystallites for reasons previously
discussed. The unit cell parameters and the crystal density (0.98 g/cc) for El
remain unchanged in the blends. The FWHM (0.012 A" 1 ) for the (200) reflection
for El is the same in both blends at this crystallization temperature. However,
the FWHM for the (110) reflection in the blends is larger than that for El (Figure
3.9 and Table 3.2). This result suggests that the average lateral dimension of the
crystals in the blends is smaller and the disorder within the crystals is higher. If
the incorporation of counits into the crystal was the important contributor to the
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larger FWHM observed, then there should be a significant increase in the a and b
lattice parameters and a reduction in the crystal density [115]. We do not observe
this increase in the blend samples. Thus the larger FWHM observed in the blends
is mostly due to the reduction in the average crystal size. This reduction in the
average size of the crystal formed is a result of the slower primary crystallization
rate, which stems from the dilution of the higher melting chains in the sample.
A further reduction in crystallite size would be expected if the sufficiently long
sequences of the lower melting species were incorporated. Since these sequences are
chemically attached to sequences that cannot crystallize at the given temperature
these entities can serve as defects which would further decrease the average crystal
size. The slightly larger FWHM observed for 50/50 E1/E2 is consistent with this
prediction (Figure 3.9 and Table 3.2). In addition, if crystals were formed from
a phase separated melt, then the FWHM should be smaller than that for a high
melting component cocrystallizing with a lower melting component.
Melting endotherms of linear polyethylene are usually represented by a sharp
single peak. Exotherms and endotherms of copolymers of ethylene show long tails
to lower temperature due to random branching which results in a wide distribution
of ethylene sequence lengths. Multiple DSC endotherms can result from molecu-
lar or segmental segregation. For copolymers with intermolecular heterogeneity in
comonomer content but uniform comonomer distribution along each chain, molecu-
lar segregation is prominent when crystallization takes place at low undercoolings.
Each DSC melting endotherm may be attributed to molecules having the same or
at least very similar comonomer content. If a system has only intra-molecular het-
erogeneities in the comonomer content but all chains contain the same comonomer
content and sequence distribution, the major segregation process will be segmen-
tal (microscopic phase segregation). Different DSC endotherms represent crystals
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formed by chains of equal or very similar segmental length. Although molecular
weight and distribution may obscure effects of comonomer content and distribution
on the crystallization kinetics, this effect may not be dominant in the study since
PE molecular segregation occurs mainly when the molecular weight is less than
20,000 at low undercoolings [116].
For an A/B blend where both components can crystallize and A has a higher
melting temperature than B, the absence or diminished heat of fusion of the en-
dotherm corresponding to B is a strong indication of either complete or partial
cocrystallization with the linear polyethylene. Cocrystallization is favored by in-
creasing cooling rate from melt or by decreasing the crystallization temperature
at a given cooling rate. Peak melting temperatures obtained for El, E2, E7 and
the corresponding blends at various crystallization temperatures are shown in Ta-
ble 3.3. A new melting endotherm with a peak melting temperature (near 118°C)
intermediate between El and E2 is observed for 50/50 E1/E2 when the sample
is crystallized at temperatures below the peak melting of E2 (Figures 3.10 and
3.11). At 115°C our DSC and WAXD data suggest that the crystallinity of El in
this blend is 7 % higher than for pure El even though we are above the melting
temperature of E2 (Table 3.3). The observed increase in the degree of crystallinity
is a consequence of an increase in the quantity of material crystallized. These ob-
servations and the results of our WAXD analysis of the unit cell parameters are
consistent with the crystallization of sequences of E2 that can crystallize with El
at this temperature.
To assess whether cocrystallization or segregation is occurring in these polyethy-
lene blends at the lamellar level, the most direct structural technique is SAXS, since
linear and branched components have very different lamellar thicknesses. The av-
erage crystal and amorphous thicknesses for El and the blends at sufficiently long
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crystallization times are shown in Figures 3.12 and 3.13. These figures show that
lc is much larger in 50/50 E1/E2 than for El or 50/50 E1/E7. Even though this
temperature is well above the peak melting temperature of the higher melting frac-
tion of E2 (Table 3.3). The average amorphous thickness in 50/50 E1/E7 is higher
than that of El and 50/50 E1/E2 (Figure 3.13). An interpretation of these results
that is consistent with our WAXD data is that the larger average lc observed for
50/50 E1/E2 suggests that the lamellar aggregates contain crystals of E2 that were
formed as a result of the segregation of the more linear sequences of El with similar
segments in E2. The large time lag between the onset of spherulitic growth in this
sample and that of El and 50/50 E1/E7 suggests that this segregation process may
have occurred at the crystallization temperature and it precedes spherulitic growth
process. Since no changes in the total scattering are observed in SALS during the
lag, we can say that if there was any structure formation during this period it was
too small (submicron in size) to be detected by SALS.
At lower temperatures we expect less segregation between lamellae of El and
E2 in the blend. This process can be understood by arguments based on the ex-
clusion of lower melting components during crystallization of the higher melting
components. During crystallization, excluded polymer molecules lie between the
lamellae of those that first crystallize. Since the amorphous chain dimensions may
be on the order of the distance between the lamellae, the configurations of the
chains are restricted, resulting in a decrease in their entropy. Thus, their escape
from this interlamellar region results in a decrease in the free energy. Whether or
not these excluded molecules escape from the interlamellar region will depend on
whether they can diffuse out of this region before crystallizing. At high tempera-
ture, diffusion is fast and crystallization is slow so segregation can occur. However,
at low temperature, diffusion is slow and crystallization is fast, so the crystals grow
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between the lamellae, which results in a single long period intermediate between the
two components. At 41°C, the SAXS morphological variables for El, 50/50 E1/E7
and 50/50 E1/E2 are the same which is consistent with the above arguments at
very large undercoolings with respect to El. The average crystal thickness at this
temperature is about 120 A. For 50/50 E1/E7, since we observe that morphological
variables for El are relatively unchanged in this blend, at low and high undercool-
ings, we can conclude that in this polymer there are no available sequences that
can be incorporated into El crystals in the temperature range studied.
Table 3.3: Comparison of degree of crystallinity results from DSC and Synchrotron
WAXD Experiments. Tc refers to the crystallization temperature and Tm refers to
the melting temperature.
Sample Tm (peak) Tm (end) DSC WAXD Tc Time
(•C) PC) xc (%) x c (%) (°C) (min.)
El 125 130 37 34 115 60.0
123 127 51 50 91 30.0
123 127 60 60 41 30.0
E2 104 98 116 20 18 91 30.0
102 116 33 34 41 30.0
50/50 123 128 22 21 115 60.0
E1/E2 121 118 100 125 36 35 91 30.0
121 118 125 49 41 30.0
50/50 125 130 19 19 115 60.0




3.4 Branch Content and Spherulite Disorder
Melting of a fully grown spherulitic polymer is a convenient process for examin-
ing the theoretically predicted variations for the Hv and Vy invariants [66, 70]. Dur-
ing melting, of a fully grown spherulitic polymer, the number and size of spherulites
are not expected to change if crystallization occurred from a one phase melt. The
anisotropy should change during the melting process. For a blend or system contain-
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. If the melting points of the two components are well separated, one would
expect a decreases in the Hy intensity when each component melts provided that
the crystals of each components are segregated into micron size regions (Figures
3.14 and 3.15). The integrated Vy intensity will increase during the melting of
the branched component due to the increasing optical density contrast between
the remaining spherulites and the surrounding medium. The Vy intensity will go
through a maximum when the fraction of spherulitic material is 0.5. In order
to distinguish between BPE crystals that formed as a result of LSPS within a
spherulitic framework of HDPE or from a phase separated melt, Vy scattering in
the melt state will have to be obtained (Figures 3.14 and 3.15). If cocrystallization
occurred such that the size of the segregated regions are sub-micron in size, a
monotonic decrease in the Hv and Vy intensities will be observed on melting (Figure
3.16).
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Changes in the Hv and Vv invariants during melting are shown for El, 50/50
E1/E2 and 50/50 E1/E7 in Figures 3.17, 3.18 and 3.19 respectively. For El and
50/50 E1/E2, the qualitative trends in the Vv invariant parallel that of the total
scattering (Figure 3.20) and remain unchanged after correcting for multiple scat-
tering. The correction applied considers the loss of radiation from the incident and
scattered beam arising from scattering of radiation out of the beam and does not
include the gain in radiation due to scattering into the beam. More thorough treat-
ments which take into account both effects and polarization have been published
[68,69] and rely on the use of simple models which introduce artifacts that can
outweigh the importance of the correction. For 50/50 E1/E7, a peak observed near
122°C is no longer present when the correction is applied. Moreover, rd decreases
monotonically during melting so the observed peak is due to the rapid increase in
the transmitted intensity just before the final stages of melting.
We observed no changes in the Vy intensity after completion of melting (127-
160°C) in three samples within the limits of statistical errors (± 0.5%) determined
from the intensity of the melt after maintaining the samples at 160°C for 20 min-
utes. The corresponding transmission data indicates that the total scattering is
constant during this time period (Figure 3.20). Thus these results suggest that
crystallization in these samples could not have occurred from a phase separated
melt at the faster quench rate employed during crystallization (Figure 2.8). How-
ever, for 50/50 E1/E7, in order to be consistent with observations from other
measurements, the results suggest that the phase separated domains could not be
resolved in the angular range studied.
For sample El, both invariants decrease monotonically during melting. The
onset of melting is observed at 110°C which is consistent with DSC melting en-
dotherms we obtained (Figure 3.21). When El is melted directly after crystalliz-
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ing in the temperature range 115-118°C a single endotherm is obtained. However
when one quenches the sample to temperatures well below the crystallization tem-
perature, a broad melting endotherm with an onset near 110°C and peak melting
temperature near 118°C appears (Figure 3.21). Since the SALS invariants decrease
monotonically for this sample, the segregation in the crystal populations observed
by DSC is consistent with the melting of crystals segregated at the lamellar level.
For 50/50 E1/E2, the Hv invariant decreases in 2 steps while the Vv invariant
goes through a maximum at 105°C. The first decrease in the Hv corresponds to
the melting of crystals that formed on quenching the sample into ice-water, while
the second can be attributed to the melting of the most linear sequences of the
cocrystals formed. In Figure 3.22, we show the Hv invariants for El, 50/50 E1/E2
and 50/50 E1/E7 where that for the blends has been corrected for the fraction of
El in the mixture. Here the most linear sequences in the 50/50 E1/E2 melt at a
lower temperature than those in El or 50/50 E1/E7. The temperature at the end
of melting for 50/50 E1/E2 is 125°C while that for El and 50/50 E1/E7 is 127°C.
During melting, the average spherulite size of El (9 [Lm ± 1) and 50/50 E1/E2 (11
jttm ± 1) do not change. It is also apparent from Figures 3.23 and 3.24 that the
Hy intensity decreased with temperature while the size of the spherulites remains
constant. Since the system was volume filled with spherulites, it can be assumed
that the number of spherulites per unit volume did not change on melting. Thus
the anisotropy must have changed in order to account for the observed decrease in
intensity.
In the Yoon-Stein [84] lattice theory, the scattering intensity decreases with
increasing values of the disorder parameter. This parameter is related to the
spherulite birefringence defined in Equation 2.19. In this equation, P2 is a Hermans-
type orientation function describing the orientation of the crystals with respect to
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the radius of the spherulite. In 3 dimensions P2 is given by
3 (cos2 if)) - 1B2 (3.2)
where ip is the angle between the c-axis of the crystal and the spherulite radius.
The averaging over cos2 ^ is performed over the distribution of orientations in the
system. The limiting values of P2 are (a) 1 for the perfect alignment of the c-
axis with the spherulite radius, (b) -1/2 for the perfect alignment of the c-axis
perpendicular to the spherulite radius and (c) 0 for completely random orientation.
If one assumes that the amorphous regions are unoriented and the form anisotropy
arising from the effect of the crystal-amorphous boundary on the internal field is
negligible, then the spherulite birefringence is given by







The Hv invariant is proportional to the square of the spherulite birefringence.
According to these equations, a decrease in the absolute magnitude of the invariant
can result from a decrease in the crystallinity xcr
^
s and P2 - If the decrease is solely
due to the crystallinity, then the shape of the Hy pattern should not change, only
the intensity should change. Figure 3.25 shows the intensity ratio It {n — 0)/It {fi =
45), which is a measure of the internal disorder parameter during melting of El and
50/50 E1/E2. Here It is the total integrated intensity at a given azimuthal angle.
This parameter is usually determined from the /(//, q = qmax)/!^ = 45, q — qmax)-,
where /i is 0 or 90°. We use the former method since the maximum q characteristic of
the size of the spherulites is ill-defined in the blends especially in 50/50 E1/E7. The
disorder parameters in these samples remains relatively constant (Table 3.4) until
the final stages of melting. From previous melt crystallization studies on PET, it has
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been suggested that the disorder parameter apparently increased once the intensity
profile became flat [67]. If one subtracts the intensity in the melt as we have done,
then the ratio should go to zero. According to the Yoon-Stein lattice theory the
disorder parameter for a perfect spherulite is zero so for this discussion, the theory
should only be applied to intensity ratios before the final stages of melting. Our
results show that during melting of these samples, the disorder parameter and the
average number and size of spherulites remain unchanged. Thus the decrease in
the anisotropy observed is due to the decrease in the crystallinity of the spherulite.
For 50/50 E1/E7, the shape of the Hv pattern changes during melting (Figure
3.26 and the disorder parameter decreases before the final stages of melting (Figure
3.27). A decrease in the internal disorder during crystallization can be attributed
the development of perfect spherulites from rod-like structures or from highly disor-
dered complete spherulites (Chapter 2). However an increase in the limiting internal
disorder parameter due to branching can be related to the changes in the relative
orientation of the crystalline and amorphous components within the spherulites.
As we increase the branch content El and 50/50 E1/E2, the average disorder pa-
rameter is unchanged during melting and the latter stages of crystallization (Table
3.4). In 50/50 E1/E7 this parameter is relatively large. During crystallization
at 115 or 118°C the shape of the Hv pattern changes from that characteristic of
rods to almost perfect spherulites in El and 50/50 E1/E2 (Figures 2.10 and 3.1).
However for 50/50 E1/E7 the pattern is circularly symmetric (Figures 3.2). This
pattern has been attributed to the scattering of rods whose breath is comparable
to their length or randomly oriented lamellae [77, 81, 82, 84]. During melting of this
sample, the Hv intensity scan at /i = 45° changes from that of a highly disordered
or incomplete spherulite to scattering characteristic of rods. The usually high in-
tensity ratio observed strongly suggests that in this sample incomplete spherulites
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are formed during crystallization; the further evolution to complete spherulites is
arrested. Furthermore, crossed polar optical micrographs of El and 50/50 E1/E2
after crystallization at both temperatures exhibit birefringence characteristic of vol-
ume filling spherulites, although the sample is too thick to distinguish individual
spherulites. Typical micrographs for crystallization at 115°C are shown in Figure
3.28. For 50/50 E1/E7, the micrographs are consistent with non-volume filling
spherulites whose growth is arrested by non-spherulitic material.
Table 3.4: Limiting values of the internal disorder parameter during crystallization
at 115°C and 118°C and during melting after crystallizing samples for one hour at
115°C and quenching in ice-water. Samples were heated at a rate of 10°C/min.
Sample Crystallization Melting
115°C 118°C 115°C
El 0.23 ± 0.02 0.29 ± 0.02 0.26 ± 0.02
50/50
E1/E2 0.26 ± 0.02 0.37 ± 0.06 0.24 ± 0.02
50/50
E1/E7 0.7 ± 0.1 0.8 ± 0.1 0.9 ± 0.1
3.4.1 Amorphous Phase Separation During Crystallization
In sample 50/50 E1/E7, a scattering maximum characterizing the average ra-
dius of the spherulites is absent during and after spherulitic growth (Figure 3.2).
Thus an alternative approach must be employed to interpret the crystalline and
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noncrystalline phases evolving. Typical Vv scattering patterns obtained for 50/50
E1/E7 at 115°C are shown in Figure 3.29. The observation of circularly symmetric
Vv scattering patterns for the sample during all stages of growth suggests that one
can apply a modification of the Debye-Bueche [117,118] description of scattering
from random heterogeneous media. The intensity variation with q is given by
A
(1 + CV)
where A can be related to the mean-square amplitude of fluctuations ((??2 ) aJ by
A = Kz {r}2 ) av £
3 and K3 is a constant. Upon rearrangement, this gives
I{q)- 1'2 = A~W [l + CV] (3.6)
A straight line should be obtained from a plot of I(q)~ 1 /2 against q2 and £2 is
given by the ratio of slope to intercept. Typical Debye-Bueche plots for circularly
averaged Vv intensities for E17 for at 115 and 118°C are shown in Figures 3.30 and
3.31. Only data at angles higher than the maximum observed near 0.4 fim' 1 were
used. The good straight line behavior obtained for the intermediate angular range
is an indication of the appropriateness of the empirical equation. At both tempera-
ture, the inhomogeneity length is observed to increase, go through a maximum and
then decrease to about 1 (im (Figure 3.32). This observation can be rationalized
by following the approach of Debye [118] for a random dispersion of two phases
of volume fractions (f)\ and (j)2 and definite composition for which the ratio of the
interphase surface area S to the volume V is related to the correlation distance by
S/V = 4fc&/£ (3-7)
The average chord lengths of the two phases are given by
h = ilh (3-8)
h - m (3 -9 )
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from which it follows that
1 1 1
-Ch + T2 (3 - 10 )
The harmonic average of the dimensions of the phases is given by £ and k is the
mean dimension of a given phase. We assume that the phase 1 is the amorphous
phase and phase 2 is the crystalline phase. During the early stages of growth, f
is on the order of the size of the superstructures. The correlation length will pass
through a maximum when the volume fraction of the superstructures (</>2 ) is 0.5.
At this volume fraction, f is the average distance between the superstructures. For
larger values of 02 , f is a measure of the amorphous regions. At 115°C, £ and the Vy
invariant go through a minimum near 180 s (Figure 3.33). For pure El at the same
temperature, the Vy invariant goes through a minimum near 131 s. If only crystals
of El were growing in the blend, this would imply that the radial growth of the
superstructure in the blend is reduced by 37 %. This result is in agreement with our
previous estimate for the increase in the volume fraction of superstructure from the
initial increase in the Hy invariant. After 180 s, no significant changes in the Hy
and Vy invariants for 50/50 E1/E7 are observed; that is no perfection or secondary
crystallization measurable by SALS is occuring. The correlation length does not
changes after this time as well which suggests that the size of the amorphous regions
are not changing. At 118 °C, f decreases steadily to 1 fim while no changes in the
invariants are observed (Figure 3.34). This result suggests that average size of the
amorphous regions is decreasing.
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3.5 Conclusions
Our results show that the crystal growth process in the blends is slower than
that of the high density component (El) as a result of dilution of high melting
El chains. When the average branch content of the blend is 14 branches per
1000 carbons complete spherulites are observed. The average internal spherulite
disorder is unchanged relative to that obtained for El, even though these spherulites
contain micron-size inclusions of lower melting species, which crystallize on further
cooling. Varying degrees of cocrystallization between the blend components is
observed in the temperature range studied. When the average branch content of
the blend is increased to 58 branches per 1000 carbons, the crystallization rate is
faster than that of the moderate increase but the morphology suggested from SALS
is consistent with no-volume filling spherulites. For this case, our data suggest that
the domain sizes resulting from the incipient melt phase separation is the likely
cause of the accelerated crystal growth. However, the non-volume filling spherulite
morphology may be a consequence of the competition between amorphous phase
separation in the residual melt and crystallization. For this blend, no evidence for
cocrystallization is observed at all undercoolings. We attribute this result to the
absence of sequences that can participate in the crystallization with El.
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(c)207s (d)213s (e)219s
(f)237 s (g)291s (h) 1409 s
Figure 3.1: Hv patterns during crystallization of 50/50 E1/E2 at 115°C. Melt
background contribution has been subtracted.
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(a) 92 s (b) 98 s
(c) 113s (d) 128 s (e)146s
(f)206s (g)608s (h) 1148s
Figure 3.2: Hv patterns during crystallization of 50/50 E1/E7 at 115°C. Melt
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Figure 3.3: Changes in the relative invariant corrected for the volume fraction of El
(0.5) in the polymer sample during crystallization at 115°C. The average branch






Figure 3.4: Changes in the relative invariant corrected for the volume fraction of El
(0.5) in the polymer sample during crystallization at 118°C. The average branch
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Figure 3.5: Changes in % transmission during crystallization at 115°C.
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Figure 3.7: Changes in apparent crystallinity determined from WAXD (x™AXD )
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Figure 3.8: Variations of overall weight fraction of crystallized material Xt and its
double logarithm versus logarithmic time (min) at 115°C: (• ) pure El, () 50/50
E1/E2, * 50/50 E1/E7. The sample was melted at 160°C for 15 or 30 minutes and
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Figure 3.9: Changes in FWHM of the (110) reflection determined from WAXD
during crystallization at 115°C. Solid lines represent the best fit to the data and
are a guide for the eye.
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Figure 3.10: DSC melting endotherms for El, 50/50 E1/E2 and E2 after crystal-
lization at 91°C for 30 minutes. The endotherms were obtained by heating the
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Figure 3.12: Changes in average crystal thickness (lc ) during the latter stages of
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Figure 3.13: Changes in average amorphous thickness (la ) during the latter stages





Figure 3.14: Changes during melting for crystals formed from a phase separated
melt. The morphology and corresponding patterns before melting are shown. The
graphs show changes in the Hv and Vv intensities during melting. For a blend of
linear and branched polyethylene, TmB is the melting point of the branched compo-






Figure 3.15: Changes during melting for crystals formed as a result of LSPS within
the spherulitic framework of the more linear component. The morphology and
corresponding patterns before melting are shown. The graphs show changes in
the Hv and Vv intensities during melting. For a blend of linear and branched
polyethylene, TmB is the melting point of the branched component and TmA is that
of the linear component.
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Morphology
Figure 3.16: Changes during melting for crystals formed from a one phase melt
or cocrystallization such that the size of each domain is sub-micron in size. The
morphology and corresponding patterns before melting are shown. The graphs
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Figure 3.17: Changes in the relative invariants during melting of El after crystal-
lizing at 115°C for one hour and quenching in ice-water ; Hv invariant (• ), ()
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Figure 3.18: Changes in the relative invariants during melting of 50/50 E1/E2 after
crystallizing at 115°C for one hour and quenching in ice-water ; Hv invariant (• ),
() Vy invariant, ( ) corrected Vv invariant.
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Figure 3.19: Changes in the relative invariants during melting of 50/50 E1/E7 after
crystallizing at 115°C for one hour and quenching in ice-water
;
Hv invariant (• ),
() Vy invariant, ( - -) corrected Hv invariant, ( ) corrected Vv invariant.
113
Temperature (°C)
Figure 3.20: rd as a function of temperature during melting of El (o), 50/50
E1/E2 (), 50/50 E1/E7 (*) at a heating rate of 10°C/min.
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Figure 3 21: DSC melting endotherms for El crystallized for 25 minutes
quenched with liquid nitrogen. The endotherms were obtained by
heating


















Figure 3.22: Comparison of the relative Hy invariants during melting of El (o ),
50/50 E1/E2 () and 50/50 E1/E7 (*) after crystallizing at 115°C for one hour
and quenching in ice-water. For the blends, the invariants have been corrected for
fraction of El in the sample.
116
II I I I I I I I I I I I I
0.0 0.2 0.4 0.6 0.8 1.0 1.2
q (|im~ ')
Figure 3.23: Variation of the one dimensional Hv scattered intensity with wavevec-
tor q at an azimuthal angle /i = 45
0 during melting of El after crystallizing at















Figure 3.24: Variation of the one dimensional Hv scattered intensity with wavevec-
tor q at an azimuthal angle /i = 45
0 during melting of El after crystallizing at
115°C and quenching sample into-ice water.
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Figure 3.25: Disorder parameter during melting of El (• ) and 50/50 E1/E2 ()
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Figure 3.26: Variation of the one dimensional Hv scattered intensity with wavevec-
tor q at an azimuthal angle /i = 45 ° during melting of 50/50 E1/E7 after crystal
lizing at 115°C and quenching sample into-ice water.
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Figure 3.27: Disorder parameter during melting of 50/50 E1/E7. The sample
crystallizing at 115°C and quenching into-ice water.
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50/50 E1/E7 (114)
Figure 3.28: Optical micrographs of El, 50/50 E1/E2 and 50/50 E1/E7 under
crossed polars. Samples were crystallized at 115°C for 20 minutes and quenched





(a) 92 s (b) 98 s
(c) 113 s (d)128s (e)146s
(f) 203 s (g) 608 s (h) 1 148 s















Figure 3.30: Debye-Bueche plot of the variation of / 1/2 with q
2
at various times
during the crystallization of 50/50 E1/E7 at 115°C.
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0.30
Figure 3.31: Debye-Bueche plot of the variation of I~ l/2 with q
2
at various times
during the crystallization of 50/50 E1/E7 at 118°C.
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Figure 3.33: Changes in the relative invariants during crystallization of 50/50
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Figure 3.34: Changes in the relative invariants during crystallization of 50/50
E1/E7 at 118°C; Hv invariant (• ), () Vv invariant.
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CHAPTER 4
MODELING OF PHASE SEPARATION KINETICS
4.1 Introduction
The effect of branch content on the early stages of phase separation in mixtures
of linear and branched polyolefins cannot be studied directly with the experiments
described in previous chapters. The appropriate experimental techniques will in-
volve the use of neutron scattering [17-24] which requires the use of deuterated
samples. Moreover, the low neutron flux one usually obtains limits the time resolu-
tion to several minutes. Thus the sample requirements and long times required to
obtain data limit the types of systems that can be studied. For example, the early
stages of spinodal decomposition in mixtures of two homopolymers and a symmetric
block copolymer have been successfully studied by Balsara et al. [119, 120].
In this chapter, the results of a numerical study investigating the dynamics of
spinodal decomposition in mixtures of linear Gaussian chains in three dimensions
is used to evaluate the effect branch content on the phase separation kinetics for
mixtures of linear Gaussian chains and branched chains. The phase separation
kinetics in the branched systems are identical to that of linear mixtures with larger
domain sizes. Hence, it may not be possible to detect differences in the time
dependence of the structure factor and domain size from scattering measurements if
one varies the branch content of the blend. Blends of linear and branched polymers
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can be treated as blends of linear Gaussian chains even when the branch content
is very high. In order to compare the results of these studies to experiment,
needs to know the critical temperature for the experimental system. For the sampl
studied experimentally and most polyolefins, the critical temperature and the exact
sequence of the chains is usually not known.
one
es
4.2 Blends of Linear Gaussian Chains
4.2.1 Theoretical Model
For an A/B blend of linear Gaussian chains undergoing phase separation, the
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where ry(r, t) is the thermal noise, kB is Boltzmann's constant, M is the Onsager
coefficient, <j> is the volume fraction of component A. The order parameter rjj, is
defined as 0 - 0C , and (f)c is the critical composition.
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The coefficients of the Landau-Ginzburg free energy functional are obtained by
performing a Landau expansion for the Flory-Huggins free energy for a blend of
two (monodisperse) polymers. Denoting the free energy of mixing per unit volume
AFm/n0 by F gives
F 01n0 (1 - 0)
+ ln(l - 0) + 0(l - 4>)xkBT NA ' NB
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180c (l - <f>c )
The equation of motion can be rescaled so that it depends on dimensionless
space and time variables,
<¥l(Xl,Ti) 1
dn 2
and the new Gaussian noise satisfies
V 2 (-V>i+^-V2^i) + (4.1)
(i/(xi
J fMxi,f')> = -V2 5(Xl - x'Mn - t[) (4.2)
This rescaling differs from the rescaling commonly used in experiments [124-127]
by a simple numeric factor as shown in Table 4.1.
Table 4.1: Simulation and experimental rescaled variables
(CJ 2 = 180o(l-0o)(x-Xs) Dapp = D(x-Xs)/Xs
X = kmaxT T — Dapp(kmax) *
x = ^180O (1 - <^o)xi t = i80o (i - Mn
Xi = y/(x~ Xs)r 1 Xs




In Table 4.1, x and r are the dimensionless experimental quantities, k° is the
wavenumber corresponding to the maximum in the structure factor at zero time,
Dapp is the apparent diffusivity, 0O is the initial concentration and the Kuhn length
a is set to 1. The transformation also introduces one relevant physical parameter
e, which characterizes the strength of the noise. For fixed e, variations of A, B, and
k can be absorbed into a unified description by appropriate rescaling of space and
time. Moreover, e can be related to the equilibrium order parameter
^oo =
and the thermal correlation length f = y^.
4.2.2 Numerical Solution
The evolution of the order parameter after quenching from initial configuration
is followed by numerical integration of the discretized rescaled equation on a cubic
grid (L X L X L). The initial configuration is the homogeneous state: at each grid
point values of ipi (t = 0) are assigned such that it is uniformly distributed in the
interval [ipi 0 — e0 ,ipi 0 + e0 ] where e0 is the strength of the noise in the initial state.
The initial conditions have a strong influence on the behavior during the early
stages of separation but does not affect the late stage behavior. Therefore e0 will
be fixed for the studies.
The numerical procedure involves central finite differencing for all spatial deriva-
tives and numerical integration of the resulting set of ordinary differential equations.
The discretization scheme introduces a (dimensionless) time step Ati and (dimen-
sionless) mesh size Axi. The dynamical evolution of the discrete and continuous
equations are not necessarily identical. For example the discrete equations can un-
dergo a subharmonic bifurcation for a certain range of Axi and Ati. As a result the
time step and mesh size must be chosen carefully to avoid any spurious solutions.
A simple linear stability analysis in 3 dimensions [123] gives the following condition
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for stability in the absence of noise,




36 - 3(AxO» (4 '3)
With the presence of noise the condition is inadequate and values chosen must
be much smaller than that given for the inequality above. At times immediately
following a quench the system is very unstable so care must be taken to employ
very small time steps to follow the time evolution accurately.
The simulation results are analyzed in terms of the spherically averaged struc-
ture factor S(k, r), normalized real-space pair correlation function g{x,r), maxi-
mum wave vector kmax (T) of S{k,r), characteristic domain size R{r) determined
from the first zero of g(x,r) and the dynamical scaling of S(k,r) or g{x,r). The
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In recent years, scaling growth laws have also been analyzed in terms of the
real-space correlation function G(r,r) defined as [128]
G(r,r) = £elkr S(k,r)
it
and
s(r ' r ) = 7n7r\> such that p(0,r) = l.G(0,t)
where G(r, r) is the spherically averaged correlation function.
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4.2.3 Simulation Results
Typical results for the structure factor calculation are shown in Figure 4.1 where
S(k, r) is an average over 10 runs and e = 0. For a given r, the scattering intensity
shows a maximum for a characteristic magnitude of the wavevector, denoted by
km . The value of km quantifies the most dominant length scale of the domains for
the corresponding r. Typical results for the normalized pair correlation function
g(x, t) at different r are shown in Figure 4.2. The location of the first zero g(x, r)
is used as a quantitative measure of the domain size R(t). Thus the development of
the structure can be followed by looking at the variation of R or km as a function of
reduced time r. Computer images of the evolving phases as a function of reduced
time T at e = 0 and 0.4 are shown in Figure 4.3.
Growth Law
In several experimental studies [125-127] of phase separation, when the rescaled
wave vector km {r) or characteristic domain size is plotted against the rescaled time
r, one observes that the data for several different quench temperatures fall on a
universal curve, thus indicating that domain growth law is independent of the final
quench temperature. Our results for \nRg versus lnr for several values of e are
plotted in Figure 4.4. The magnitude of e increases with temperature. The growth
law exponent, 0.304 (±0.002), calculated for (r > 450) from the log-log plots is
independent of the final quench temperature (Figure 4.4). The onset of the early
stage of phase separation depends on on c.
Lifshitz and Slyozov [129] and later on Voorhees and Glicksmann [130] analyzed
the growth of dispersed domains and found that the asymptotic growth law is of
the form R(t) ~ rf, In both of these analyses the volume fraction of the minority
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phase is considered small enough so as to form isolated domains in the matrix of the
majority phase and the coarsening occurs by transport of molecules perpendicular
to the interface. Huse [131] argued that when the volume fractions of the two
phases are comparable, then the resulting domain structure is highly percolated
and there exists another mode of transport which is parallel to the interface in
addition to the transport occurring perpendicular to the interface. He generalized
the Lifshitz-Slyozov law by adding corrections on the order of l/R{t) to account
for the transport parallel to the interface as
dR(t) C2 C3
* m +m + 0(R ) (4 -4)
where C2 and C:i are numerical coefficients. For dispersed domains C3 = 0 and
C2 > 0 and we obtain the Lifshitz-Slyozov growth law R(t) ~ For percolated
domains, C3 > 0 and we obtain at large R and t
:
R{t) = (C3/2C2 ) + (3C2*) 1/3 (4.5)
If chain transport perpendicular to the interface is totally absent, then C2 = 0
and C3 > 0 and one obtains the growth law R(t) ~ t1'*. The effective exponent
obtained is closer to | than to |. R(t) for c = 0 is plotted as a function of r 1 /3 in
Figure 4.5 for 450 < r < 1200. These data can be fitted to the generalized growth
law in Equation 4.5 with C2 = 0.726 and C3 = 2.357, suggesting that coarsening is
dominated by the transport parallel to the interface.
Dynamical Scaling
The dynamical scaling hypothesis states there exists one and only one length
scale dominating the dynamics in the scaling regime and the topology scales with
time. This dominant length scale is the characteristic size of the domains R(t).
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According to the scaling ansatz,
9(r,T) = G[r/R(T)} (4 .6 )
and consequently
S(k,T) = R(r)dF[kR(T)} (4.7)
where both G[p] and F[X] are time independent functions. Figure 4.6 shows the
scaling behavior of G[r/R(r)} at e = 0 and 0.4. Dynamical scaling is observed for
r > 4050 and the scaling behavior is independent of the strength of the noise.
4.3 Blends of Linear Gaussian Chains and Branched Chains
For branched molecules, the mean-square radius of gyration is a more convenient
measure of the average size of the molecule rather than the mean-square end-to-end
distance, because of the multiplicity or absence of the ends leads to an ambiguity
of the definition of the latter. We first consider branched molecule containing no
loops (Figure 4.7), and define a factor g as the ratio of the mean-square radius of
the branched molecule to that of a linear molecule possessing the same number N
of segments such that
Rgb =9% = \xa2g (4.8)
where the subscripts B and L refer to branched and linear chains, respectively, and
a is the effective bond length [132]. Expressions for g have been derived by several
authors [133-136] for a branched molecule having a given type of branching, branch
distribution and heterogeneity in the number of segments. We will only give a brief
summary and quote some relevant results. For a branched polymer assumed to
have m branches and p subchains as shown in Figure 4.7, RGB may be written in
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N = E nA (4.10)
where i?(iA j„) is the distance between the ith segment in the Ath subchain and the
jth segment in the /zth subchain, and the summation is carried out over all ix , j
pairs. The number of segments in the Ath subchain is nA . By assuming that the
molecule contains no rings and there exists only one way to reach one segment from
another along subchains, expressions for R^,^) can be obtained with an additional
assumption that each subchain obeys random flight statistics. The sum in equation
4.10 can then be evaluated and the expression for g is
1
p
9 = 7n E(3rmA ~ 2nA ) + 6 £ nAnvnJ (4.11)
A=l (A,M)
This expression was derived by Kataoka [133] and is valid for a branched molecule
having a given type of branching. Most polymers, even if the molecular weight
distribution is narrow, will have distributions of subchain lengths, of the number
of branch units per molecule and of branch units in the molecule. In the following
discussion, we will apply expressions for g to the simulation results by assuming that
N and m are fixed for all molecules and all branch units have the same functionality
/. Thus p = (/ — l)m+ 1. For a uniform distribution in subchain lengths g is given
ga=
3±zl + l(f-lfm(m>-l). (4.12)
If one assumes that the number of segments in each subchain varies with an equal
probability, g is given by
^WTW^ + \ (s - l)Mm2 - l)] (413)
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Typical g values for both cases are shown in Figure 4.8 as a function m, where the
functionality of all branch units is 3. For this case, m is a direct measure of the
number of branches. The results show that g does not vary very much with m for
both distributions. By increasing m from 10 to 100 results in a 10% decrease in gu
and gu < gr for a given N. For mixture of linear and branched chains, kmax is given
by
[ max)B
~ 1 + Ug - 1) (4 - 14 )
and the relationships between the experimental and simulation variables are as
defined in Table 4.1.
The time dependence of the characteristic domain size of mixtures of linear
Gaussian chains and branched molecules are shown in Figures 4.9 and 4.10 for uni-
form and random distributions of subchains respectively. For mixtures of uniformly
branched chains and linear Gaussian chains, one observes that the domain sizes for
m between 10 and 100 are essentially the same. However the average domain size
is larger than that for mixtures of linear Gaussian chains since there is a narrower
range of Fourier components that can grow exponentially when compared mixtures
of linear chains. The transition from early to intermediate stage growth and the
scaling behavior at late to intermediate times are not modified by branching. In
effect, the kinetics in the branched systems are identical to those of linear mixtures
with larger domain size.
4.4 Conclusions
The results of a numerical study investigating the dynamics of spinodal decom-
position in mixtures of linear Gaussian chains in three dimensions were used to
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evaluate the effect of branch content on the phase separation kinetics for mixtures
of linear Gaussian chains and branched chains. The phase separation kinetics in
the branched systems are identical to that of linear mixtures with larger domain
sizes. Hence, it may not be possible to detect differences in the time dependence
of the structure factor and domain size from scattering measurements if one varies
the branch content of the blend. Blends of linear and branched polymers can be
treated as blends of linear Gaussian chains even when the branch content is very
high.
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4.5 Suggestions for Further Research
This dissertation has been an experimental and theoretical study of the effect of
chain architecture, namely branching, on the kinetics of crystallization and phase
separation in polyolefin blends. We have demonstrated that the effects of branching
are more important for crystallization than for melt phase separation. For blends of
high density and highly branched mixtures, melt phase separation can have an effect
on the crystallization mechanism. For moderately branched mixtures, segregation
during crystallization is more important even if the more branched component is
a mixture of moderately branched and less branched material. The success of
future work in this field is to perform the experiments described in Chapters 2
and 3 on systems with well characterized microstructures. It is also desirable to
study systems containing only short chain branches, long chain branches and both
separately to evaluate the effect of the branch type and the length of the branch
units. In this thesis, scattering methods were used primarily. However mechanical-
dynamical methods might also offer opportunities to study systems if the kinetics
are sufficiently slow. Systematic studies on high branch content mixtures such
as 50/50 E1/E7 can be made to evaluate the effect of melt phase separation on
crystallization.
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Figure 4.1: Typical results for spherically averaged structure factor for S(k,r)
versus k for different values of r and e = 0. Each curve is the average over 10
realizations with different initial conditions. Simulations were performed with a
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Figure 4.2: Typical results for the normalized pair correlation function g(x,r)
versus r for different values of r and e = 0. Each curve is the average over 10
realizations with different initial conditions. Simulations were performed with a
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Figure 4.4: Time dependence of the characteristic domain size R calculated from
the pair correlation function (see the text) for several values of e for the critical
polymer mixture (^(r = 0) = 0). Each curve is the average over 10 realizations
with different initial conditions. Simulations were performed with a mesh size of
Ax = 1 and L = 32 to n = 1300 (r = 5850).
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Figure 4.5: R{t) data for the critical polymer mixture quenched to e = 0 plotted
as a function of r 1/3 for r > 450. Fit to generalized growth law gives C2 = 0.726




Figure 4.6: The scaled correlation function G[r/R{r)] for the critical polymer
mixture versus r/R{r) for c = 0 and 0.4 respectively.
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Figure 4.7: Schematic of a branched polymer molecule containing no rings. The
small circles indicate branch units. The number of segments attached to the
branched unit is the functionality of the branch unit. For example, 1 has a func-












Figure 4.8: Branching parameter g versus branch units m. The subscripts u and
r refer to uniform and random distributions of subchains respectively. All branch
units have a functionality of 3
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Figure 4.9: Time dependence of the characteristic domain size R calculated from
the pair correlation function (see the text) for several values of m for the critical
polymer mixture ($(t = 0) = 0) at c = 0. Each curve is the average over 10
realizations with different initial conditions. Simulations were performed with a
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Figure 4.10: Time dependence of the characteristic domain size R calculated from
the pair correlation function (see the text) for several values of m for the critical
polymer mixture (^(r = 0) = 0) at e = 0. Each curve is the average over 10
realizations with different initial conditions. Simulations were performed with a
mesh size of Ax = 1 and L = 32 to tx - 1300.
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